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Precipitation strengthening is one of the most effective approaches for enhancing 
the strength of high-strength low-alloyed (HSLA) steels. It has been reported that fine 
interphase precipitates can increase the strength of HSLA steel up to 300 MPa while 
maintaining excellent formability (e.g. stretch flangeability and ductility) [1]. The 
interphase precipitates are repeatedly formed at ferrite/austenite interfaces during the 
thermomechanical processing (TMP) of HSLA steels, mainly alloyed with Ti, Mo, V 
or Nb. Therefore, the parameters of TMP play a substantial role in controlling the 
interphase precipitation at the nano-scale level. However, the effects of different TMP 
variables such as amount of strain on the interphase precipitation are unclear. 
Moreover, the effects of austenite-to-ferrite phase transformation internal parameters, 
like ferrite/austenite orientation relationship (OR) and ferrite/austenite interfacial 
conditions on the interphase precipitation, which are regarded as decisive, are not 
completely understood.  
Consequently, the understanding of the effect of TMP variables, ferrite/austenite 
OR and ferrite/austenite interfacial conditions on the interphase precipitation in ferritic 
Ti-Mo HSLA steel was the main objective of the thesis. The cross-correlative advanced 
microscopy approach, which included conventional transmission electron microscopy 
(TEM), high-resolution scanning TEM (HRSTEM), atom probe tomography (APT) 
and site-specific in-situ lift-out (INLO) sample preparation has been used in the current 
study. 
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It has been found that after isothermal hold of 650°C in the strain-free condition, 
all ferrite grains demonstrated the presence of precipitates. However, the types of 
precipitation were different, namely: i) planar interphase precipitation, ii) random 
interphase precipitation and iii) random precipitation. The first two types of 
precipitation were formed during the austenite-to-ferrite phase transformation (at the 
ferrite/austenite interface), while the third type was formed after the austenite-to-ferrite 
phase transformation (in the ferrite). Three stages of random precipitate formation in 
the ferrite matrix were identified: i) embryo cluster, ii) GP cluster and iii) nano-
precipitate. The embryo and GP clusters were disc-shaped (up to 5 nm in diameter) and 
fully coherent with the ferrite matrix, while the nano-precipitates were disc-shaped 
with larger diameter than clusters (up to 10 nm) and semi-coherent with the ferrite 
matrix. 
The influence of OR between prior austenite and ferrite grains and characteristics 
of interfaces on the following interphase precipitation reaction were studied on the 
samples after an interrupted isothermal treatment. It was revealed that ferrite/austenite 
interfaces could be characterized based on solute redistribution across the interfaces 
i.e. negligible partitioning local equilibrium (NPLE) and para-equilibrium (PE) 
models. Interestingly, the random interphase and planar interphase precipitation took 
place at the NPLE interfaces by the ledge mechanism, whereas the PE condition 
suppressed precipitation. Also, the OR between austenite and ferrite condition 
appeared to have no effect on the interfacial characteristics and concurrent interphase 
precipitation process.  
The study on the role of deformation (0.3, 0.6 and 1 strain) at a temperature of 
890°C (the non-recrystallization austenite region) in the characteristics of planar 
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interphase precipitates showed that the deformation reduced the planar spacing of 
interphase precipitates up to a strain of 0.3, beyond which it became nearly constant. It 
is believed that this was primarily due to the saturation of the dislocation density within 
austenite above a certain strain and/or a consumption of alloying by strain-induced 
precipitates. It was also found that the planar interphase precipitation was affected by 
a fragmentation of prior austenite grains by microbands. The planar interphase 
precipitation, which repeatedly occurred at the moving ferrite/austenite interface, is 
intersected with microbands, decorated by strain-induced precipitates. This led to the 
formation of several sets of planar interphase precipitations oriented differently with 
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Steel is a major structural material for the transport and construction sectors.  For 
all applications there is a general trend to achieve higher strength, while maintaining 
or improving other properties. For example, stringent environment and safety 
requirements for the automotive industry across the globe have led to a major increase 
in research to develop high-strength steels [2, 3]. These steels provide increased 
strength with equivalent, or improved, ductility making it possible to reduce the weight 
of components. It was reported [4] that high-strength steel is the fastest growing 
automotive material nowadays and the usage of high-strength steel will be increased 
from 117 to 169 kg per vehicle (almost 1.5 times within 7 years) by 2025.  High-
strength steels are generally produced by introducing other phases, such as martensite, 
bainite, and retained austenite into the microstructure [3, 5-7].  The shortcoming that 
limits their applications in the automotive industry, is the lack of stretch-flangeability 
[8]. The stretch-flangeability is viewed as a demanding property in metal forming 
operations [9]. To meet this specific requirement, a single-phase ferritic high-strength 
low-alloyed (HSLA) steels has gained much attention [1]. The JFE group in Japan [1] 
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developed a steel with a strength of 780 MPa (and more recently a 980 MPa steel) 
through controlled Ti-Mo interphase precipitation hardening (the level of contribution 
from the precipitates being almost twice that obtained in conventional precipitation-
hardened low-carbon steels), and good ductility along with superior stretch-
flangeability [1, 10]. Due to the optimum combination of high strength and formability 
(ductility and stretch-formability) ferritic Ti-Mo HSLA steel have multiple industrial 
applications in automotive industry (suspensions and wheels) and other crashworthy 
equipment [3].   
The strength level in these steels was achieved from the presence of the 
extremely-fine (less than 10 nm in diameter), closely-spaced (TiMo)C precipitates [1, 
10-14] and clusters [15-18] formed during the austenite-to-ferrite (γ-to-α) phase 
transformation at the γ/α interface [19]. Where the clusters were defined as solute rich 
groupings of atoms without any regular atomic arrangement, which may appear with a 
shape, composition and crystallography governed by the matrix [18]. 
According to many researchers [20, 21], the existence of interphase precipitates 
in commercial steels is relatively low and largely inconsistent. Hence, the main 
challenge to improve mechanical properties of ferritic HSLA steel is to form high 
number of fine ferrite grains with dense interphase precipitates [20, 21]. It is believed 
[22-27] that these microstructural parameters are affected by different aspects: (i) steel 
composition [22], (ii) thermomechanical processing (TMP) parameters [23, 24], (iii) 
orientation relationship (OR) between ferrite and austenite grains [25] and (iv) 
characteristics of ferrite/austenite interface [26].  
Some of the parameters mentioned above such as the effect of alloying elements 
(Mo, Ti, V) and isothermal transformation temperature on a microstructure-property 
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relationship in the HSLA with the interphase precipitation, have been intensively 
studied by different groups [1, 23, 24, 27].  However, the important point to note here 
is that there is a direct interaction between the phase transformation and concurrent 
precipitation during the isothermal holding in this type of steels, whereas in many 
processes, and certainly with other metals, the transformation and precipitation 
reactions are independent. So, in order to understand the transformation and 
precipitation kinetics at the same time in this type of steel and to simplify the 
experimental program variables, a steel composition of Fe-0.04C-1.52Mn-1.2Si-
0.22Mo-0.05Ti-0.22Mo (wt.%) [15-18] and isothermal transformation temperature of 
650°C [15-18] were used.  
The nano-precipitates-clusters composition, size, shape and number density, 
solutes redistribution across the interface should be analysed at nano, in some cases, at 
atomic scale level. Moreover, the ferromagnetic nature of the ferrite matrix and specific 
crystallographic requirements to observe the interphase precipitates by transmission 
electron microscopy (TEM) (i.e. interphase precipitation planes should be parallel to 
the electron beam) lead to the difficulties for precipitates characterisation only by 
conventional TEM. The above issues brought the necessity of using a correlative 
microscopy approach i.e. atom probe tomography (APT), electron back-scattered 
diffraction (EBSD), high-resolution scanning TEM (HRSTEM) and TEM in 
combination. The site-specific in-situ lift-out (INLO) sample preparation technique for 
APT and HRSTEM samples by focused ion beam (FIB) used in this study enabled the 
preparation of samples for the different microscopy studies from one grain or from 
similar area of interest and minimise the detrimental effects from conventional sample 
preparation e.g. magnetic fields from the ferritic sample for HRSTEM.  
 1.2  Thesis objectives 
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1.2 Thesis objectives 
 
1.2.1 Understanding of precipitation type and clustering in the Ti-Mo HSLA 
steel 
 
Apart from the interphase precipitation, randomly distributed precipitates have 
also been observed in ferritic HSLA steels [21]. Due to the debate in available literature 
concerning precipitation types [19, 21, 23, 28], it is necessary to characterise and 
classify all types of precipitates, which are formed in the ferritic HSLA steels. 
Moreover, it is important to select a proper experimental approach to understand the 
microstructural differences such as size, shape, orientation relationship (OR) with the 
ferrite matrix and composition between the different types of precipitates. It has 
recently been reported [16, 17, 29] that clusters can be formed in the ferritic HSLA 
steels along with precipitates. It is also believed that clusters serve as precursors for 
interphase precipitates [17, 18] and can even play a similar role in strengthening of 
steel as precipitates. However, the role of clusters in transformation sequence and steel 
hardening is not yet understood.  
Therefore, the first objective of the thesis was to classify and statistically 
characterise the precipitation in the Ti-Mo steel and to understand the role of clusters 
in nucleation and growth of interphase precipitates using TEM, HRSTEM, APT and 
INLO sample preparation.  
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1.2.2 Effect of crystallographic orientation and interface characteristics on 
transformation and precipitation kinetics. Mechanism of interphase precipitation  
 
It has been proposed by different groups that interphase precipitates are formed 
only in ferrite grains with a specific OR between austenite and ferrite [19, 24, 26]. 
Moreover, the importance of the interface local condition, i.e. paraequilibrium (PE) 
and negligible partitioning local equilibrium (NPLE), has been highlighted by several 
research groups [22, 26]. Hence, the relationship between interphase precipitation 
formation, austenite and ferrite OR and condition at the interface needs to be clarified. 
Another important issue, which can facilitate understanding of interphase 
precipitation, is the mechanism of interphase precipitation [19, 21]. There have been 
several proposed mechanisms for interphase precipitation, such as “ledge mechanism” 
[19], “bowing mechanism” [21] and “quasi-ledge mechanism” [21]. However, there is 
still a lack of experimental evidences of proposed mechanisms in the available 
literature. 
To examine the above phenomena, an interrupted transformation test approach 
was used [25]. The OR between ferrite and austenite was resolved by EBSD. Interface 
and precipitation characteristics were studied by APT on site-specific INLO samples.  
 Therefore, the second objective of the thesis will be to study mechanisms of 
interphase precipitation and correlate them to corresponding interfacial parameters 
and the OR between the austenite and ferrite grains where the precipitates are formed.  
 
 1.3  Thesis outline 
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1.2.3 Effect of accumulated strain in the non-recrystallized austenite region on 
the interphase precipitation 
 
As noted above, the important aspect of the interphase precipitation is the 
interaction between the transformation and the formation of clusters-precipitates. It 
appears that the rate of transformation can control the size of precipitates and spacing 
between precipitates rows. The transformation can be accelerated by a strain level in 
the non-recrystallized austenite region [23, 28]. Moreover, ferrite grain refinement, that 
can be achieved through deformation, will further increase the strength of the Ti-Mo 
HSLA steel [30].  
Therefore, the third objective of the current study was to understand the effect of 
deformation in the non-recrystallised region on transformation and precipitation 
kinetics. 
 
1.3 Thesis outline 
 
The thesis is divided into 7 chapters and organized as follows: 
Chapter 2 reports a comprehensive literature review on the fundamentals of TMP, 
and precipitation in the ferritic HSLA steels. All possible types of precipitation in 
ferritic HSLA steel are reviewed. Considerable attention was focused on the interphase 
precipitation. Namely, the review analysed the impact of TMP and steel composition 
on the interphase precipitation sequence as well as mechanisms of their formation. 
Subsequently, the lack of knowledge in the area of the interphase precipitation and their 
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interaction with other types of precipitation are outlined, which led to the identification 
of the thesis objectives.  
Chapter 3 describes the experimental methodology, steel composition and 
preliminary treatment of material used in the current study. Advanced characterisation 
techniques such as TEM, EBSD, HRSTEM, APT along with mechanical testing used 
in this study are described. Each method is divided into sections of instrumental basics, 
operational modes, post-processing methodology and sample preparation. 
Chapter 4 is devoted to objective 1.2.1 and examines the precipitation type and 
precipitation kinetics in the Ti-Mo HSLA steel. Cross correlation of TEM, HRSTEM 
and APT was used to classify all types of observed precipitation and restore their origin 
and evolution during TMP.  
Objective 1.2.2 was addressed in Chapter 5, it investigates the question raised by 
Chapter 4 e.g. why precipitates are subdivided into different groups, where exactly they 
form and which mechanism of formation is operated. To answer this question the 
interrupted test approach was used. Samples with the same initial TMP route were 
quenched at the beginning of the final stage. Therefore, the precipitate/cluster 
formation and interfaces were investigated at the start by cross correlation of EBSD 
and APT. 
Objective 1.2.3 is the subject of Chapter 6, where the effect of accumulated strain 
in the non-recrystallized austenite region on the interphase precipitation is studied. 
TMP parameters are varied by altering deformation level in the non-recrystallized 
austenite region. The outcome of TMP parameters changing was evaluated mainly by 
imaging and diffraction techniques in conventional TEM. APT characterisation was 
used as a supplementary study of the composition of precipitates.   
 1.3  Thesis outline 
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Conclusions and future work are drawn in the final Chapter 7.   
2 Literature review 
 




2 Literature review 
 
2.1  High strength low-alloy (HSLA) steels 
 
The growing demand on steels with high strength without sacrificing ductility for 
automotive and structural applications, led to the development of the advanced high-
strength steels. The development of these steels was based on utilising novel 
strengthening mechanisms such as transformation induced plasticity, twinning induced 
plasticity, cluster strengthening etc. The first member of high-strength steels family 
was dual phase (DP) steel developed in the 1970’s [31].  The microstructure of DP steel 
is a combination of soft ferrite and hard martensite in different ratios [32] with an 
ultimate tensile strength ranging from 500 to 1200 MPa [33]. The strength-ductility 
balance was also due to the formation of dislocations in the soft ferrite matrix during 
formation of martensite on quenching. Some retained austenite was also observed in 
the microstructure of DP steels [34]. The extensive research of DP steels [35] revealed 
that an increase in the amount of retained austenite in the DP steels leads to an increase 
in ductility. The implication of this phenomenon created a new type of high-strength 
steel called transformation induced plasticity (TRIP) steel. TRIP steels usually contain 
0.1-0.4 wt.% of C and up to 7 wt.% of austenite stabilisers, such as Mn, Cr, Ni, Nb or 
V [36]. A high carbon content and the presence of the austenite stabilisers retain the 
 2.1  High strength low-alloy (HSLA) steels 
10 | P a g e  
 
austenite at room temperature in a metastable condition. The retained metastable 
austenite increases ductility when it transforms to martensite under deformation [37]. 
Meanwhile, high Mn austenitic steels have also been developed, offering an even 
higher strength-ductility balance [33]. They contained manganese levels of up to 30 
wt.% [33]. The mechanical twinning take place during straining in the austenite. This 
leads to a significant increase in both strength and ductility through dynamic Hall-Petch 
effect, so called twinning induced plasticity (TWIP) phenomenon, largely observed in 
the austenitic steels with a stacking fault energy in a range of 20-50 mJ/m2 [5].  Other 
types of contemporary high-strength steels employ combinations of the above 
strengthening mechanisms e.g. TRIP/TWIP steel [38]. In 2004, a new generation of 
high-strength steels was introduced by Bhadeshia’s group [7] known as nano-bainitic 
steel with ultimate tensile strength of 2500 MPa. Nano-bainitic steel consisted of 
alternative laths of bainite and retained austenite with width less than 50 nm. However, 
the use of this type of steels was restricted due to the high alloying additions need to 
be introduced in steel composition to form nano-bainite and long isothermal time 
required to complete the bainitic transformation [7].  
TRIP, TWIP and nano-bainitic steel grades have extremely high alloying content 
such as Mn, which tends to segregate along grain boundaries inducing inhomogeneity 
to the as-cast products [39]. In addition, high-strength steels, presented above, are 
multiphase and suffer from cracking at the interfaces between the different phases due 
to the different hardness levels of each phase [40]. Therefore, they cannot undergo 
complex cold deformations. This important design aspect is called “stretch-
flangeability” and is generally evaluated by the hole expansion test [1]. Therefore, a 
single-phase steel is preferable for these types of forming operations, which are 
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dominant in the automotive industry. As an example, ferritic interstitial-free (IF) steels 
possess ideal stretch-flangeability [8]. However, ferrite is soft by nature and requires 
additional strengthening.   
Ferritic high-strength low-alloyed (HSLA) steels are normally strengthened by 
grain refinement and precipitation strengthening [30]. Ferritic HSLA steels generally 
contain 0.04 - 0.25 wt.% of C, up to 2 wt.% Mn and a low amount of strong carbide 
and nitride formers such as Nb, V or Ti [18] to control grain size and promote both 
solid solution and precipitation strengthening. However, the strength of first generation 
ferritic HSLA steel was 450 MPa with a ductility level of 28% [2].  
 
2.2  Grain refinement strengthening approach. 
 
Any imperfections introduced to crystalline lattice serve as obstacles against a 
dislocation movement during straining. Such imperfections can be regions between two 
adjacent crystallites (i.e., grain boundaries). In a polycrystalline material, a decrease in 
interior regions within grain boundaries network reduces the mean free path for 
dislocations [41]. Therefore, the reduction in grain size results in a strength increase 
and ductility decrease. It was simultaneously shown by Petch [42] and Hall [43] that 
there is a linear dependence between the yield strength of metals and the inverse square 
root of their grain size (Fig. 2.1). Therefore, the yield strength of polycrystalline metals 
obeys the following equation: 
                                             𝜎 𝜎 𝑘 𝑑 ⁄ ,                                       (2.1) 
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where d is the average grain diameter, σ0 is yield strength of material without 
defects and ky is a constant for a particular material [42].  
Moreover, grain refinement significantly decreases the work-hardening region 
and, therefore, the yield strength/ultimate tensile strength ratio increases [45]. 
Thermomechanical processing (TMP), which is a combination of hot rolling and 
controlled cooling, is one of processing approach to control and refine the ferrite 
microstructure. For example, using conventional rolling technique, it is possible to 
achieve a grain size of 1 µm [45]. Grain refinement from 15 to 1 µm by conventional 
hot rolling results in a strength increase of 280 MPa with no significant loss in ductility 
Figure 2.1 The variation in Vickers hardness with d-1/2 for coarse grained copper [44]. 
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[30, 45]. Moreover, TMP saves energy in steel manufacturing by eliminating reheating 
step after hot-deformation, thus increasing productivity of high-grade steels [30].   
 
2.3  TMP of ferritic HSLA steels.  
 
A controlled rolling process starts with soaking. The term “soaking” refers to 
reheating slabs into the austenite range temperature and holding at this temperature. 
The soaking temperature usually defined as 30 °C above Ar3 [46]. However, in a 
presence of strong carbide formers such as Ti, Nb and V, the temperature is higher [46]. 
The main purpose of soaking is to dissolve carbides/nitrides and homogenize the alloy 
composition. Commonly, temperature range of 1100-1250 °C is adopted as slab-
reheating temperature [30]. On the other hand, soaking at high temperatures can lead 
to abnormal grain growth. In this case, carbides/nitrides have positive effect acting as 
grain growth inhibitors [47, 48]. 
One of the approaches to refine the final microstructure in HSLA steels is to 
refine the austenite grains via hot-rolling. For example, nucleation of ferrite grains 
during the austenite-to-ferrite transformation occurs preferentially at austenite grain 
boundaries as they have higher free energy [49]. So, it is obvious that a decrease in 
austenite grain size increases the grain boundary area for ferrite nucleation leading to 
smaller final ferrite grain size. A commercial hot rolling process could be performed at 
three temperature ranges (Fig 2.2) [50]: i) Recrystallized austenite region, ii) Non-
recrystallized austenite region and iii) Austenite + ferrite region. 
 2.3  TMP of ferritic HSLA steels. 
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The deformation in the recrystallization temperature region refines the prior 
austenite grains at the temperature region where recrystallization and growth of 
austenite grains occur (Fig. 2.2) [51]. At this stage, potential nucleation sites for ferrite 
nucleation are increased as there is an increased grain boundary area [30]. The 
deformation in the non-recrystallized region between Tnr and Ar3 (Fig. 2.2) results in 
“pancaking” of austenite grains and formation of intragranular defects such as 
deformation bands, twin bands and dislocation arrays, which act as additional 
nucleation sites for ferrite [52].  
Steel can be further rolled at lower temperatures (region iii in Fig. 2.2) [50], 
which is commonly in the austenite-to-ferrite transformation temperature region to 
form additional defects i.e. nucleation sites for ferrite.  
Figure 2.2 Rolling schedule of ferritic HSLA steel [50]. 
2 Literature review 
 
15 | P a g e  
 
As mentioned above, the deformation below Tnr has the most influence on the 
resultant ferrite grains size. It has been reported [30] that the final finishing deformation 
pass should be in the austenite non-recrystallized region well below Tnr and as close as 
possible to the Ar3. Alloying elements such as Mn, Nb, Ti, V and Al increase 
recrystallization finish temperature (Fig. 2.3). As seen from Fig. 2.3, the greatest effect 
on the non-recrystallized region expansion comes from Nb [53]. Therefore, the addition 
of the above alloying elements allows the non-recrystallized deformation region to be 
expanded, and it makes possible to achieve the pancaked austenite structure over a 
wider temperatures region [53]. Microalloying elements can retard recrystallization by: 
(i) solute drag effect and (ii) strain-induced precipitation [54-56].  Alloying elements 
such as Ti, V, Mo and Nb can participate in several events during transformation [57] 
i.e. can form precipitates in the different transformation regions and affect the 
transformation via, for example, the solute drag effect at the same time [58, 59]. Si 
prevents cementite formation, as a consequence of low solubility in cementite [60]. 
Figure 2.3 Effect of alloying elements on recrystallisation finish temperature [53]. 
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Although most alloying elements such as Mn, Mo, Cr etc. are austenite stabilizers, Si 
and Ti are ferrite stabilizers, which increase the Ar3 temperature [60, 61]. The amount 
of Mn and Si is usually constant for the range of HSLA steels and chosen as a balance 
between relatively low Ar3 and tendency of cementite formation. The addition of more 
than 1.5 wt.% of Mn significantly deteriorates the weldability of commercial HSLA 
steels [62]. 
 
2.4  Precipitation strengthening 
 
Precipitation strengthening is another approach to increase the strength of HSLA 
steels. The precipitation strengthening occurs when precipitates act as obstacles against 
dislocation movement. Precipitates are divided into deformable and non-deformable 
depending on their size. Orowan proposed [63] that strength increment from non-




                                                             2.2  
where 𝛥𝜎  is the increase in yield stress due to particles (MPa), G is the shear modulus 
(MPa), b is the Burgers vector (mm)  
 Later, the concept has been modified by Ashby by adding a strengthening 
contribution due to the size and volume fraction of precipitates [64]: 
𝛥𝜎 0,538 ∙





                                       2.3  
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where σy is the increase in yield strength (MPa), G is the shear modulus (MPa), b is the 
Burgers vector (mm), f is the volume fraction of particles, and X is the real (spatial) 
diameter of the particles (mm) [64]. 
Therefore, the yield strength that is expected from particles of various sizes obeys 
modified Ashby-Orowan equation [65] as illustrated in Fig. 2.4. To reflect the root 
dependency of yield strength on the volume fraction of particles logarithmic 
coordinates are used. As seen in Fig. 2.4, the size of particles plays a stronger role in 
the yield strength increment compared to the volume fraction.  
Precipitates formed in steels during TMP are usually classified according to the 
temperature conditions at which they are formed: i) Precipitation in the recrystallized 
austenite region, ii) Precipitation in the non-recrystallized austenite region, iii) 
Figure 2.4 Effect of particles size and volume fraction on an increase in yield strength
of steel [65]. 
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Precipitation during austenite-to-ferrite transformation and iv) Precipitation from 
supersaturated ferrite. 
The first type of precipitates is coarse (>100 nm) and generally has a cubic shape. 
They are formed during holding in the recrystallized austenite region (Fig. 2.1) at the 
grain boundaries and in the grain interior [66]. The second type of precipitates is 
formed during deformation in the non-recrystallized austenite region (Fig. 2.1) 
generally at dislocation substructures and is called “strain-induced” precipitation [56, 
67]. It has been reported that the strain-induced Ti-Mo carbides formed in the non-
recrystallized austenite have irregular shape with spatial size 10 to 25 nm and 
coarsening tendency up to 80 nm with prolonged holding [67, 68]. On the one hand, 
according to the Ashby-Orowan model [65], the precipitation in austenite does not lead 
to the appreciable strengthening as precipitates have low number density and coarse 
size [56, 66-68]. On the other hand, the precipitation in austenite retards the austenite 
grain growth [30, 69] and acts as nucleation sites for intergranular ferrite (particle 
stimulated nucleation) [70, 71]. Importantly, precipitation in austenite can lead to a 
significant consumption of alloying elements that are needed for the finer precipitation 
reaction in ferrite [72]. However, it is still unclear how the precipitation in austenite for 
ferritic HSLA steels can affect the following precipitation in ferrite.  
The third type of precipitates is believed to be the most effective in the case of 
precipitation hardening, as they have a small size (under 10 nm) and a high number 
density [1, 10]. These precipitates are formed during the austenite-to-ferrite phase 
transformation on the moving ferrite/austenite interface [1, 11, 73, 74]. Although, 
extensive work on the interphase precipitation has been done [11-13, 16, 19, 20, 22-
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25, 27, 73-86], the exact interphase precipitation nucleation and growth mechanism is 
not clear yet.  
The fourth type of precipitation that is usually observed in microalloyed steels is 
precipitation after the completion of austenite-to-ferrite transformation [87]. This type 
of precipitation appears randomly distributed within the ferrite matrix, commonly 
decorating dislocations [87] or at ferrite grain boundaries [16]. Bu et al [12] suggested 
that these precipitates are formed in ferrite during isothermal holding after the 
austenite-to-ferrite phase transformation. However, the number density of these 
precipitates is low, i.e., their contribution to the strengthening of the material is 
negligible [74]. Moreover, the preferential precipitation at grain boundaries can form 
local precipitate-free zones in the microstructure that can reduce total strength of 
material [88, 89]. Contrarily, Chen et al. [27] proposed that random arrays of 
precipitates with a size as fine as the interphase precipitates would have greater 
contribution to the strength than the interphase precipitation. According to recent 
studies [23, 78, 90] the precipitation after phase transformation appears to be 
unavoidable and even can coexist with interphase precipitation within the same grain. 
Even though the precipitation during austenite-to-ferrite transformation has been 
intensively studied, the contribution of interphase and random precipitation separately 
into the strengthening of ferritic HSLA steels has not been properly identified.  
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2.5  Precipitation in austenite: strain-induced precipitation 
 
As mentioned above, the strain-induced precipitation occurs during deformation 
in the non-recrystallized austenite region. It has been reported that during straining of 
austenite in this austenite region, the deformation slip is mostly focused on a limited 
number of active slip systems within a given grain orientation [91]. This ultimately 
results in the formation of particular families of planar extended dislocation walls, 
largely lined up with the most active slip planes [92, 93]. The dislocation 
walls/microbands are known as one of the most suitable sites for the formation of 
strain-induced precipitates, which takes place during and/or after straining [56]. An 
increase in the deformation progressively reduces the mean size of deformation cells 
and also enhances the misorientation across the dislocation walls [55], which 
consequently leads to the acceleration of the strain-induced precipitation. Strain-
induced precipitates nucleate in austenite following the cube-on-cube orientation 
relationship (OR) [55, 56, 68], and after the transformation these precipitates inherit 
orientation from prior austenite. As ferrite has one of Bain, Kurdjumov-Sachs (K-S), 
Nishiyama-Wassermann (N-W), Greninger-Troiano (G-T), and Pitsch OR with the 
prior austenite (Table 2.1) [94], the OR between strain-induced precipitates and the 
ferrite will be the same [95] or even irrational.  
As reported, Ti and Nb strain-induced carbides have a spherical morphology [56, 
96]. The spherical shape is preferable for reducing the interfacial energy during 
coarsening in austenite [68].  
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Table 2.1 The approximate parallelism conditions for ferrite/austenite orientation 
relationships [94]. 
Bain {100} γ // {100}α  <010> γ // <011>α 
Kurdjumov-Sachs (K-S) {111} γ // {011}α  <101> γ // <111>α 
Nishiyama-Wassermann (N-W) {111} γ // {011}α <112> γ // <011>α 
Greninger-Troiano (G-T) {111} γ // {011}α <12 5 17> γ // <7 17 17>α 
Pitsch {010} γ // {101}α <101> γ // <111>α 
 
The effect of strain-induced precipitation formation on the other types of 
precipitation is deemed to be important for understanding of microstructure-property 
relationship of the ferritic HSLA steels. The strain-induced precipitates consume 
alloying elements, which are necessary for other dense-spaced types of precipitation.  
The strain-induced precipitation has been well studied as a separate event. However, 
there is no data on the effect of strain-induced precipitation on the following interphase 
precipitation.  
 
2.6  Precipitation during austenite-to-ferrite transformation: 
interphase precipitation 
 
The fine precipitates formed along parallel lines with an equal distance between 
each other in a ferrite matrix was discovered in late 60s by transmission electron 
microscopy (TEM) in steels alloyed with Cr, V, Mo and was named as interphase 
precipitation [19, 97]. Later, extensive research in this field [87, 98] led to the discovery 
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of similar types of precipitation in steels alloyed with Ti and Nb. However, it has been 
extremely difficult to analyse this precipitation by TEM because of the ferromagnetic 
nature of the samples and the precipitation could be observed only if the incident 
electron beam direction becomes parallel to the sheet planes in which the particles 
formed (Fig. 2.5a) [99]. If this condition is not satisfied, the linear arrays of precipitates 
are not observed and the particles appear to be randomly distributed (Fig. 2.5b) [99].  
This has contributed to some discrepancy in the results published on the 
interphase precipitation in terms of type of precipitation observed in the microstructure 
and whether the interphase precipitation is a representative microstructural feature [12, 
21, 28].  The mechanism of precipitation has also been extensively discussed in the 
literature [19, 21, 76, 100, 101]. Several mechanisms have been proposed to explain 
the interphase precipitation nature such as: (i) precipitates were formed at the 
dislocations [101] and (ii) precipitates were formed on a moving austenite/ferrite 
interface during austenite-to-ferrite phase transformation [73]. However, further 
Figure 2.5 TEM images of the interphase precipitation obtained from the same area
under different TEM conditions and appeared as: (a) precipitation rows and (b)
randomly redistributed [99]. 
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investigation of this phenomenon has brought even more complexity to the 
understanding of precipitation mechanism in ferritic steels [21, 99]. For example, 
Dunne [102] identified several types of precipitation such as: (i) planar precipitation, 
(ii) random precipitation, (iii) precipitation along curved lines and (iv) fibrous 
precipitation based on precipitates redistribution, shape, and size etc. (Fig. 2.6). Also, 
the different types of precipitates can coexist within the same ferrite grain (Fig. 2.6a).  
Therefore, by controlling the interphase precipitation, it could be possible to 
balance the microstructure and properties on nano-size microstructural level. For 
example, a fine scale carbonitride precipitation during the austenite-to-ferrite 
transformation had hardening potential from 200 MPa for Nb-steels [74] and up to 
300 - 400 MPa for Ti-steels [1, 11]. Moreover, the interphase precipitation could occur 
during continuous cooling from austenite to ferrite. In this case, an additional heat 
treatment is not needed [1].  
  
Figure 2.6 TEM images of interphase precipitates: (a) a dark field image of planar 
(shown by arrow) and random interphase precipitates (inside of square box) [21]; (b) a 
bright field image of curved interphase precipitates [84]. 
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2.7  Interphase precipitation in the Ti-Mo HSLA steel 
 
The achievement by the JFE steel group [1] of 780 MPa tensile strength HSLA 
steel alloyed with Ti and Mo renewed the interest in the interphase precipitation. It was 
revealed, that the major strengthening contribution in this steel (~380 MPa) was from 
Ti-Mo interphase precipitates [1]. 
The interphase Ti-Mo carbides have a sodium chloride (NaCl) face-centered 
cubic (FCC) type unit cell with 0.433 nm lattice parameter and follow the Baker-
Nutting (B-N) OR with the ferrite matrix (Fig. 2.7b) [1, 103]. According to Dunne 
[102], there are three variants of the B-N OR (001)Fe//(001)MC [100]Fe//[110]MC, (ii) 
(010)Fe//(010)MC [100]Fe//[010]MC, and (iii) (001)Fe//(100)MC [011]Fe//[010]MC, which 
can exist between the interphase precipitate and the matrix. A particular variant appears 
when a precipitate broad plane direction has the smallest angle to the interface [99].  
The Ti-Mo interphase carbides are coherent with the ferrite matrix and have a disc 
Figure 2.7 (a) High-resolution TEM image of Ti-Mo carbide in Ti-Mo JFE steel [104];
(b) a schematic representation of the B-N OR between the interphase carbide and the
ferrite matrix [103]. 
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shape (Fig. 2.7a) [104]. However, after coarsening, these carbides become spherical 
and lose their coherency with the matrix [49]. It is proposed that Mo plays a substantial 
role in the thermostability of the precipitates, retarding the precipitate coarsening even 
at high annealing temperatures (~ 700 °C) [10] by segregating at the matrix/precipitate 
interface and lowering the lattice strain energy [105].  
The amount of Ti in the steel composition is important as well, for example, an 
addition of 0.07 wt.% of Ti increased the yield strength of the steel up to 300 MPa. 
However, further increase in Ti content led to the saturation of the strengthening effect 
[1]. In addition, the Ti/Mo concentration ratio also plays an important role, for example, 
an equal atomic concentration of Ti and Mo in steel composition gave the highest 
strengthening effect [1]. Atom probe tomography (APT) studies of the Ti-Mo steel [16-
18] revealed that Ti-Mo carbides did not have an MC composition but rather was close 
to M2C where M corresponded to Ti and Mo in 1: 1 ratio. Since TEM studies confirmed 
the NaCl structure for interphase precipitates in Ti-Mo steel, the M2C composition can 
be explained either by local magnification effect or underestimation of C atoms due to 
C2+ and Ti2+ peak overlapping on the mass spectrum [106]. In addition, 5-10 at.% of 
iron atoms were detected in the average composition of the precipitates. The presence 
of iron in Ti-Mo carbides also could be due to a local magnification effect in the atom-
probe technique [29, 106]. However, the precipitation process can also undergo 
through formation of metastable precipitates like in Al alloy systems [107]. The 
observation of precipitation process in the Nb-alloyed steel [108] indicated formation 
of metastable (NbFe)C precipitates before NbC formation. The presence of Fe in these 
particles was suggested to be simplify the nucleation by lowering the lattice misfit 
leading to a reduction of the nucleation barrier [108]. Moreover, a prolonged isothermal 
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holding of Ti, V and Mo-alloyed steel [109] could lead to the compositional changes 
due to the formation of precipitates with core-shell structures, where Mo and V formed 
shells around precipitates. In this case the C content of around 35 at. % in precipitates 
was also reported.   
 
2.8  On mechanisms of interphase precipitation 
 
In order to explain the formation of different types of interphase precipitates in 
the ferritic HSLA steel, several mechanisms have been proposed by different groups 
[21, 22, 82, 86, 100, 110, 111]. 
Davenport et al. [99] described the mechanism of interphase precipitation as a 
nucleation at the austenite/ferrite interface, which leads to a carbon depletion from a 
narrow zone of austenite ahead of the interface, which reduces the stability of the 
austenite in this zone.  The interface, then, moves forward across the low carbon 
concentration region of austenite to a new site, where the precipitation occurs again, as 
Figure 2.8 Davenport’s nucleation model for interphase precipitate formation [99]. 
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schematically illustrated in Fig. 2.8. This model also included solute-drag effect [100], 
which exert additional forces to the interface providing additional time for interphase 
precipitation reaction. 
However, the aforementioned model does not explain some of TEM observations 
such as the formation of precipitates along “ledges”. Honeycombe et al. showed [75] 
that moving of low-energy coherent interfaces occurs by lateral movement of small 
ledges or risers and an interface appears smooth. In contrast, an incoherent interface 
appears faceted, and it was suggested that in this case the ledges could have a 
Figure 2.9 The Davenport’s ledge mechanism of interphase precipitation: (a) the
schematic of ledge model [21]; (b) bright field TEM image of transformation ledges
[75], (c) dark field TEM image of transformation ledges [75]. Arrows in “a, c” indicate 
the position of transformation ledge. 
 
 2.8  On mechanisms of interphase precipitation 
28 | P a g e  
 
nanometre size height, which was smaller than the resolution of the microscope [75]. 
According to Davenport [99], the planar interphase precipitation occurs as a sequence 
of migrating ferrite ledges parallel to a coherent interface and the height of ledges 
differs depending on the transformation conditions and usually is equal to an intersheet 
spacing of rows of the particles. In this case, precipitates nucleate at terraces of the 
ledges and grow within ferrite after being over-run by the next ledge (Fig. 2.9a) [99].  
The theoretical mechanism proposed by Davenport [99] was experimentally 
confirmed by TEM (Fig. 2.9b, c). It is obvious (Fig. 2.9b, c) that precipitates nucleate 
on the interface and grow in ferrite after being over-run by the next ledge. Davenport’s 
ledge mechanism still remains commonly accepted for the planar interphase 
precipitation on semi-coherent interfaces. However, the ledge model does not have the 
capability to describe the random and curved interphase precipitation (Fig. 2.6). 
To fill this gap Ricks and Howell introduced the quasi-ledge and bowing 
mechanisms, schematically presented in Fig. 2.10 [21]. It was assumed [21], that high-
Figure 2.10 Interphase precipitation mechanisms proposed by Ricks and Howell [21]:
(a) bowing mechanism [76]; (b) quasi-ledge mechanism [21]. 
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energy interfaces can migrate by bulging between neighbouring interfacially nucleated 
precipitates (Fig. 2.10a). Firstly, as an interface moves it becomes enriched by carbon 
that stabilizes the austenite and the interface stops for a nucleation as in the Davenport’s 
nucleation model (Fig. 2.8). After nucleation, the precipitates pin the interface and 
consume carbon while growing, therefore, reduce the stability of the austenite ahead of 
the boundary. Consequently, the interface bows between the particles and after getting 
sufficient volume free energy to overcome pinning forces, the interface unpins and 
moves to the next nucleation site [21]. This mechanism was also observed 
experimentally and it was proposed [21] that it takes place in the presence of high 
driving forces and high mobility of austenite/ferrite interfaces (Fig. 2.11). It is believed 




Figure 2.11 TEM observation of interface bowing between interphase precipitates 
[21]. 
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The quasi-ledge mechanism [21] describes a lateral interface migration, as it 
takes place in the ledge mechanism. However, this mechanism also explains the 
nucleation of ledges and appearance of the curved interphase precipitation. According 
to the quasi-ledge mechanism [21], the nucleation of ledges occurs by bulging of the 
interface between particles as in the bowing mechanism (Fig. 2.10b). 
Furuhara and Aaronson [111] argued that the quasi-ledge mechanism could not 
be possible, because carbides can nucleate only at interfaces, immobilised by partial 
coherency. Besides, they assumed that the interphase precipitate sheets can appear at 
neighbouring semi-coherent terrace planes, which occur at different angles. Thus, 
macroscopically the sheet of precipitates appears curved (Fig. 2.12) [111]. This theory 
was confirmed by TEM observations in a Cr-alloyed steel [99]. 
 
 
Figure 2.12 Furuhara and Aaronson’s model of interphase precipitation on terraces of 
growth ledges, some of which have different conjugate habit planes [111]. 
 
The dark field TEM images taken from different diffraction spots of a diffraction 
pattern confirmed the presence of the planar interphase precipitates with two variants 
2 Literature review 
 
31 | P a g e  
 
of the B-N OR within the same ferrite grain (Fig. 2.13) [99]. Probably, the precipitates 
nucleated at neighbouring ferrite/austenite interfaces with different variants of the B-
N OR to the prior austenite grain.  
In addition, as mentioned in [111] the macroscopically curved interfaces can 
advance as structural ledges, which contain many raisers moving together (Fig. 2.14). 
Later, Yen et al. [11] proposed a structural ledge mechanism, with more complicated 
Figure 2.13 Dark field TEM images of the planar interphase precipitates with different 
variants of the B-N OR within the same grain [99]. 
 
Figure 2.14 The schematic of structural ledge model proposed by Furuhara and
Aaronson [111]. 
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variants of structural ledges. However, the main mechanism remained the same (Fig. 
2.14) [11]. Another mechanism of the interphase precipitation named as a solute-
depletion model was proposed by Roberts [76] for V-alloyed HSLA steel.  It was 
suggested [76] that V carbo-nitride precipitates nucleate immediately behind a smooth 
migrating interface with the K-S OR. 
Growth of precipitates in the ferrite matrix would then be responsible for a solute 
depletion in ferrite behind an interphase boundary. This solute depletion caused by 
coplanar arrays of the interphase precipitates, moves the interphase boundary to the 
next nucleation site, as shown in Fig. 2.15a.  
 
Figure 2.15 The Robert’s solute-depletion model: (a) planar interphase precipitate 
formation; (b) fibre interphase precipitate formation [76]. 
 
In addition, if an interface migration rate is slow, this can be sequence of a high 
carbon content or slow cooling rates, where there is a probability of the interphase 
precipitates to develop the fibre morphology (Fig. 2.15b). However, Roberts’ model 
was noted to have a lot of drawbacks [76]. This model cannot provide a single variant 
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of the B-N OR between the matrix and carbides due to a non-faceted interface 
nucleation. Also, the model ignored a discontinuity of solute diffusion fields at the 
ferrite/austenite interface [76].  
The experimental approach to the mechanism of the precipitation was 
supplemented by a modelling approach. Lagneborg and Zajac [22] developed a new 
solute-depletion model, by modifying the bowing mechanism proposed by Ricks and 
Howell [21]. The aim of this model was to explain the appearance of a curved 
interphase precipitation at non-coherent interfaces. This model is schematically 
presented in Fig. 2.16 [22]. According to this model, an incoherent interface has a 
sufficient driving force to bulge between two interphase precipitates (Fig. 2.16) and 
reaches a point of nucleation of a new interphase precipitate. Boundary diffusion of 
solute atoms provides a fast growth for newly nucleated precipitates [22]. The growth 
leads to a solute depletion near the interface therefore, leading to the interface bulging 
between the precipitates. As the interface reaches a critical angle, it unpins from 
precipitates and moves to the next precipitate nucleation site [22]. 
 
Figure 2.16 The Lagneborg and Zajac’s model for formation of curved interphase 
precipitates [22]. 
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Even though extensive work [21, 22, 82, 86, 100, 110, 111] has been done on the 
mechanisms of the interphase precipitation, they have not been completely understood. 
The availability of new techniques such as APT opens a new avenue for understanding 
of mechanism of interphase precipitation. 
 
2.9  Effect of austenite/ferrite OR on interphase precipitation 
 
As mentioned above, the interphase precipitation mainly takes place at low-
energy and immobilized by partial coherency interfaces [19, 111], especially at 
interfaces with K-S OR (Table 2.1). However, recent studies [11, 81] have revealed 
that the interphase precipitation occurs not only at {110} ferrite planes but also at 
{112}, {114}, {116} and {210}, {211}, {111} ferrite planes, which is not in agreement 
with Davenport’s pioneering work [99]. Recent correlative microscopy studies on V-
alloyed HSLA steels [24, 25] showed that the interphase precipitation forms only on 
transformation interfaces between austenite/ferrite grains with non K-S OR. 
The energy of an interface can be mainly determined by the OR between two 
adjacent phases and the solute segregations accommodated at the interface [49]. An 
austenite grain transforms into ferrite in one of Bain, K-S, G-T, Pitsch or N-W ORs 
(Table 2.1) [94]. However, the back-calculation study of martensite showed that almost 
all ORs between martensitic ferrite and prior-austenite were represented by the K-S 
and N-W ORs [112]. Generally, the ferrite grains can nucleate at austenite grain 
bounadaries following three different nucleation scenarious such as: (i) ferrite grain has 
the K-S OR with only one austenite grain, (ii) ferrite grain has the K-S OR with two 
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adjacent austenite grains and (iii) ferrite grain has the K-S OR with one austenite grain 
and different OR defined as {111}fcc//{110}bcc  with another austenite grain [113]. 
However, Honeycombe [75] showed that the ferrite grain can have the K-S OR with 
one austenite grain and an irrational OR with other neighbouring austenite grains. 
According to Miyamoto [25] and Zhang [24, 25], the austenite/ferrite interfaces are 
divided into two categories: (i) near K-S (deviation less than 5° from the K-S OR) and 
(ii) non K-S (deviation from the K-S OR more than 5°).  
There have been different opinions about coherency of the {111}fcc//{110}bcc 
austenite/ferrite interphase interfaces [49]. The term interphase coherency relates to the 
matching of atoms from two adjacent phases across a virtual border [49]. The 
ferrite/austenite interface coherency was modelled on Cu/Cr interfaces [114] as they 
have BCC/FCC lattice structures and close cell units as in austenite and ferrite. It was 
shown that only 8% of atoms at the {111}fcc//{110}bcc interfaces matched each other. 
However, the value could be improved up to 25%, considering that the 
{111}fcc//{110}bcc interfaces have a ledged structure and the matching zones are 
repeated [114]. Also, it is believed [114, 115] that this ledged structure of the 
austenite/ferrite interface can not only improve the coherency, but also serve as growth 
ledges of ferrite. Such stepped structures have been observed experimentally in both 
diffusional and martensitic transformations [116, 117].  
Segregations of solute atoms also have a strong effect on the energy of grain 
boundaries. A number of studies [118, 119] revealed that poor matching, high-energy 
grain boundaries are more sensitive to solute atom segregation than more coherent, 
low-energy grain boundaries. Moreover, it has been reported [117] that segregation of 
solutes to grain boundaries decrease the energy of high angle, not special grain 
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boundaries. However, for the heterophase boundaries this effect is more complicated 
and coupled with the thermodynamic conditions at the interface [120]. 
 
2.10  Interfacial conditions during transformation 
 
To fully understand the interphase precipitation mechanisms, it is necessary to 
unlock their nucleation and growth kinetics. Interphase precipitate nucleation and 
growth are directly related to the kinetics of the austenite-to-ferrite phase 
transformation [22, 82]. The nucleation and growth of precipitates depend on the 
interface velocity and diffusion of solute atoms [22, 82, 86]. The great majority of 
phase transformations can be divided into two groups depending on how the growth of 
a new phase advances: (i) interface controlled and (ii) diffusion controlled [120, 121]. 
The interface controlled reactions occur in pure metals, when there is no change in a 
composition across the interface and, therefore, free energy dissipation goes through 
structuaral rearrangement across the interface [121]. The diffusion controlled reactions 
are the sequence of compositional changes during transformation and, therefore, 
depends on long-range diffusion [49]. However, all processes that involve both 
structural rearrangement and diffusion under constant temperature and pressure must 
have a mixed character [122].  
As mentioned above, the interphase precipitation takes place at the interfaces 
with low mobility [19, 111], i.e., at the interfaces, which needs more driving force to 
be moved and the interface characteristics contribution will prevail over the diffusion 
of solutes [49]. However, after nucleation at the interface, the interphase precipitates 
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need a diffusion flux of microalloying elements to grow. As diffusivity of 
microalloying elements in ferrite is 100 times greater than in austenite [22], the 
interface should move concurrently with solute depletion of ferrite.  
There are two major diffusional conditions of interfaces: negligible partition local 
equilibrium (NPLE) and paraequilibrium (PE) [122, 123]. The difference in these two 
models is only in the diffusion of substitutional elements. In the NPLE treatment for 
steels, equilibrium conditions at the interface are maintained by diffusion of both C and 
substitutional elements such as Mn, Cr, Al etc. [122, 123]. Phase diagram isothermal 
sections of Fe-C-Mn at 700 °C for NPLE and PE conditions are represented in Fig. 
2.17 [122]. The zero-partition line in Fig. 2.17a divides α+γ area into two regions, 
where for an alloy with the composition above the zero-partition line, the partition of 
substitutional elements appears. These transformation conditions with partitioning of 
substitutional elements are called partitioning local equilibrium (PLE), which are not 
considered here.  
NPLE conditions are operated in alloys with low allow content (below zero-
partitioning line), where no partition of substitutional element appears having narrow 
spike at the interface [122]. It is believed that NPLE conditions are maintained for alloy 
compositions bellow the zero-partition line at low transformation rates [122].  
In contrast, in PE conditions, proposed by Hultgren [124] the velocity of the 
interface is faster than the diffusion rate of substitutional elements and, therefore, they 
appear «frozen» during the passage of the transforming interface (Fig. 2.17d). Thus, in 
PE mode of transformation the Mn concentration profile is parallel to a paraequilibrium 
tie-line without Mn spike at the interface. In this case the C concentration profile has a 
 2.10  Interfacial conditions during transformation 
38 | P a g e  
 
spike with concentration where corresponding paraequilibrium tie-line intersects the 
paraequilibrium phase diagram α+γ/γ line (Fig. 2.17d). It is obvious that in PE mode 
the C concentration spike at the interface is higher than that in NPLE mode. 
Figure 2.17 Schematic NPLE and PE phase diagrams and local compositional profiles
illustrating the local conditions at the ferrite/austenite migrating interface of the Fe–C–
Mn system at 700 °C: a) In this case, the transformation is accompanied by Mn spike 
and is controlled by the NPLE conditions; b) Mn compositional profile corresponding
to NPLE conditions; c) C compositional profile corresponding to NPLE conditions; (d)
In this case, the transformation proceeds without Mn spike and is controlled under PE 
conditions [122]. 
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The reason for the interphase precipitate formation at non K-S and their absence 
at the K-S interfaces is different diffusional conditions (PE or NPLE) in the K-S and 
non K-S interfaces during the transformation [26, 125]. Researchers [26, 125] have 
believed that non K-S interfaces are incoherent and able to accommodate solute atoms 
and, therefore, the NPLE conditions are maintained [26, 125]. In contrast, the K-S 
interfaces are coherent and do not have the ability to accommodate solute atoms and 
the PE conditions are maintained [26, 125]. This means that under constant alloy 
composition and transformation temperature both NPLE and PE modes can operate 
depending on the interface conditions. However, work Danoix [126] showed 
segregation of substitutional elements across the ferrite/austenite interface with the K-
S OR, which suggested NPLE conditions at the K-S transformation interfaces. 
Segregation of Mn and Mo along ferrite/austenite transformation interfaces was 
found in DP and TRIP steels [127, 128]. It was proposed [127] that Mo provides a 
strong solute drag effect on the moving ferrite/austenite interface. A study on reverted 
austenite [129] revealed that the stabilization mechanism of austenite was related to 
strong partitioning of Ni. Others [130-132] have compared Fe-Mn-C and Fe-Mn-N 
alloys. They found that in Fe-Mn-N alloy no segregation of Mn along ferrite/austenite 
interface occurred, whereas in Fe-Mn-C alloy Mn segregation existed. This 
phenomenon was attributed to the affinity of Mn to C segregations because of the 
strong Mn-C interaction. In other words, the presense of C increased the binding energy 
of Mn to the interface. 
Lagneborg and Zajac [22] suggested that at considerably high transformation 
temperatures (~ 700°C), where the diffusion coefficients are high, and an interface 
velocity is low, the NPLE conditions are maintained, i.e., it should be enough time for 
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the solute diffusion.  However, if the transformation temperature is decreased below 
700 °C, there is not enough time for the solute atom diffusion, and PE conditions 
prevail [22]. A recent APT study [26] showed that even at temperatures below 700 °C 
NPLE conditions operated for all interfaces. Nevertheless, they both agreed that 
interphase precipitation reaction cannot occur under PE conditions. Study of Cu 
interphase precipitation also confirmed that segregation of Mn, Ni, Cu affects 
interphase precipitation [133]. 
It can be concluded, that the interphase precipitation occurs only under NPLE 
conditions, when the substitutional elements can segregate at the interface. However, 
there is no general agreement on the correlation between the interface conditions 
(NPLE or PE) and the ferrite/austenite OR.    
 
2.11 The effect of composition of steel and TMP parameters on 
interphase precipitation  
 
A number of the different models [22, 27, 77, 82, 83, 86, 134] were developed to 
predict the interphase precipitation sheet spacing, size and number density as a function 
of the steel compositions and TMP schedules. For example, Lagneborg and Zajac used 
Davenport’s ledge mechanism approach for modelling of precipitation in V-Nb-alloyed 
steel [22] and a ledge nucleation model as in the quasi-ledge mechanism [21]. An 
interface movement and therefore, the interphase precipitation, in this case, was 
controlled by a volume diffusion of V in ferrite. It was found [22] that the sheet spacing 
of precipitates was proportional to the square root of the diffusion coefficient for 
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different solutes, i.e., with an increase in austenite-to-ferrite transformation 
temperature, the sheet spacing increased (Fig. 2.18). The temperature dependence was 
proven experimentally [24]. However, modelling of the steel composition effect on the 
precipitation kinetics by different approaches has shown different trends [22, 86]. As 
shown by [22], the sheet spacing increased with an increase in C content (Fig. 2.18), 
while the effect of V was different to that observed for C (Fig. 2.18). Oppositely, in the 
super-ledge model proposed by Chen [86], where the transformation was controlled by 
nucleation rate and growth of super-ledges, the sheet spacing increased with an increase 
in both C and V content. Okamoto and Agren [82] have combined Lagneborg’s model 
Figure 2.18 The effect of transformation temperature on the interphase precipitation
sheet spacing for steel with different: a) C content in wt.%; b) V content in wt.% [22].
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[22] with the finite interface solute drag model proposed by Odqvist [135]. The authors 
concluded [82] that the ledge velocity was strongly affected by segregation of solute 
atoms on the interface. With an increase in Gibbs free energy of the solute segregation 
from 0 to 50 kJ/mol the actual ledge velocity dropped by a factor of two, i.e., there was 
more time for the interphase precipitate nucleation. Zhang et al. [26] suggested that an 
increase in the concentration of carbide formers, such as V, increases the driving force 
for the interphase precipitation. Therefore, the number density of the interphase 
precipitates is increased, and their size is decreased. It was found [26] that the C content 
had no influence on precipitation driving force. 
Although, the effect of steel composition and TMP parameters on the movement 
of interface and nucleation and growth of interphase precipitates has been extensively 
studied, there is still no agreement on the interaction between the alloy composition 
and concurrent interphase precipitation in ferritic HSLA steels. Amongst TMP 
parameters, only the effect of isothermal holding temperature is clear.  
 
2.12 Effect of deformation in austenite region on interphase 
precipitation 
 
Since the interphase precipitation occurs during austenite-to-ferrite 
transformation, the deformation in the austenite region, which increases the dislocation 
density in austenite, can strongly affect the interphase precipitation sequence. 
Dislocation substructure in austenite formed as a result of deformation is developed in 
the form of geometrically necessary boundaries (GNB), which are usually decorated 
2 Literature review 
 
43 | P a g e  
 
by strain-induced precipitates [55]. As is generally accepted, the deformation of 
austenite accelerates ferrite nucleation rate and grain growth [136], which can affect 
the interphase precipitation kinetics. As mentioned earlier, the interphase precipitates 
nucleate on an advancing austenite/ferrite interface, leading to carbon consumption and 
destabilization of the austenite ahead [99]. The presence of dislocation in the parent 
austenite increases the stored energy, leading to high diffusion rate of solute atoms [56, 
91]. This consequently enhances the concentration of solute atoms in front of the 
moving austenite/ferrite interface, promoting the driving force for the interphase 
precipitate nucleation [26]. In addition, the movement of the austenite/ferrite interface 
is significantly accelerated with strain [137]. Therefore, it would be expected that there 
would be less time for the interphase precipitation to take place, promoting more 
random precipitates, as suggested by [28], with the strain. 
Smith and Dunne [79] found that 50 % strain in the austenite region leads to a 
decrease in the sheet spacing of interphase precipitates from 50 to 130 nm. Later, Chen 
et al. [23, 78] studied the effect of deformation on the interphase precipitate formation 
in the Ti-Mo steel. They confirmed that an increase in amount of deformation decreases 
the sheet spacing although, in some cases this leads to the precipitate distribution 
changing from a uniform to random [23, 78]. They attributed this phenomenon to an 
increase in the transformation rate, which leads to a supersaturation of the ferrite matrix 
with alloying elements and the precipitation takes place after the transformation during 
the isothermal holding [78]. Despite that, the authors did not find any interphase 
precipitation after 30% of deformation [23]. However, recent work by another group 
[85] has shown existence of the interphase precipitates even after 90% deformation and 
the strong correlation between ferrite grain size and distance between the rows. The 
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average distance between the rows was smaller in microstructures with larger ferrite 
grains [85]. 
Despite that the number of papers that have discussed the effect of deformation 
on the interphase precipitation, a clear understanding of this effect is still required. 
Particularly, to what extent deformation in the non-recrystallized austenite region can 
decrease the sheet spacing of the interphase precipitates. 
 
2.13 Effect of austenite-to-ferrite transformation temperature 
 
As mentioned in previous sections, the austenite-to-ferrite transformation 
temperature is the main factor affecting the interphase precipitation. This effect 
includes two things: (i) effect of alloying elements diffusion [22] and (ii) effect of the 
transformation driving force [24]. The diffusion coefficients for solutes in bulk, 
boundary or along dislocation cores are exponentially temperature dependent [49]. 
Therefore, it can be expected that with an increase in transformation temperature, the 
diffusional distances will be increased and the sheet spacing will be also increased. In 
fact, this tendency has been proved experimentally by TEM [27] and APT [24]. Zhang 
et al. [24] revealed that a decrease in the transformation temperature from 720 °C to 
650 °C led to a significant increase in the number density of the interphase precipitates 
from 1023 to 1024 p/m3, whereas a further decrease in temperature to 600 °C did not 
lead to any changes. Zhang et al. [24] attributed this phenomenon to the changes in 
driving force for the precipitate formation and interfacial diffusivity, i.e., as the 
interphase precipitates nucleate at an austenite/ferrite interface, the driving force for 
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their nucleation should be somewhere between the driving force for nucleation in 
ferrite and austenite [24]. The driving force for both nucleation in austenite and ferrite 
increases with a decrease in the temperature as the interfacial concentration of carbon 
increases and solubility decreases [24, 26]. However, very low transformation 
temperatures can lead to the ferrite supersaturation without precipitation [22, 78].  
 
2.14 Cluster strengthening in microalloyed steels 
 
Not only second phase particles can take part in increasing the strength of steel; 
coherent clusters can influence the strength of metals more effectively with the 
mechanism similar to that proposed for an Al-Cu-Mg alloy by Ringer et al. [138]. The 
precipitation evolution to the equilibrium phase is complex and contains a range of 
intermediate metastable phases with the parent matrix [139]. Usually, these metastable 
phases are called clusters and appear after decomposition of a supersaturated solid 
solution. The clusters were defined as solute rich groupings of atoms without any 
regular atomic arrangement, which may appear with a shape, composition and 
crystallography governed by the matrix [18]. The cluster strengthening effect is similar 
to solid solution strengthening and derives from the strain fields caused by the 
difference in the atomic size [140]. In other words, the formation of coherent clusters 
leads to the mismatch in size between the solvent and solute atoms and formation of 
the strain fields in the matrix, which retards the movement of dislocations [141, 142].  
Application of modern techniques, such as APT, has enabled the resolution of 
small solute clusters composed of less than 50 atoms (average Guinier radius of 1.3-2 
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nm) in laboratory Ti-Mo HSLA steels [15, 16]. Co-existence of nano-clusters along 
with the interphase precipitates in a Ti-Mo steel has been recently reported by 
Mukherjee and Timokhina [15, 16]. Later, it was observed that clusters appear in ferrite 
grains near martensite and proposed that the clusters are formed as a transition phase 
before well-developed precipitate formation [17, 18]. 
 Other groups [143, 144] have also observed clusters in Nb-alloyed HSLA steel 
after aging. They found that the cluster hardening had a peak after 4 min annealing at 
700 °C, whereas further aging led to a decrease in the hardness. With the application 
of APT, they confirmed that the sample with the highest hardness had the maximum 
cluster number density. Samples subjected to further heat treatment showed an increase 
in the average cluster size by consumption of smaller clusters [144] and, therefore, a 
decrease in the number density.  In-situ TEM studies on steel alloyed with Nb during 
aging [145, 146] revealed a decrease in dislocation mobility, which was attributed to 
the cluster strengthening.  
The process of formation of clusters in steels and their contribution to hardening 
are not explained in detail yet and need further detailed investigation. Therefore, it is 
critically important to pay great attention and examine the cluster evolution, 
particularly, their shape, composition and distribution at different stages of austenite-
to-ferrite phase transformation.  
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From the above overview it was found that ferritic steels have great potential in 
the automotive industry as they have good stretch-flangeability [1]. However, the 
ferrite matrix is soft by nature and can be strengthened by grain size refinement, 
precipitation hardening and cluster strengthening [30, 147]. It was found, that the most 
effective grain refinement can be achieved by rolling in the non-recrystallized austenite 
region [50]. The largest contribution from precipitation strengthening can be achieved 
from interphase precipitation [13]. However, the effect of deformation in the austenite 
region on interphase precipitation is still not clear.  
There has been much debate [20, 28] whether interphase precipitation is a 
representative microstructural feature for all ferrite grains, or there is other type of 
precipitation occurring at the same time. The available literature cannot provide any 
information about quantitative statistics on fraction of grains with interphase 
precipitation. Moreover, other types of precipitation have been reported [102] along 
with the interphase precipitation, such as strain-induced [67], random [21], 
precipitation along grain boundaries [148] and precipitation in high-temperature 
austenite [66]. Hence, there is an argument among the literature on the characteristics 
and classification of different types of precipitation in HSLA steels. 
It is believed [19, 24, 25] that the OR between prior austenite and ferrite grains 
while austenite-to-ferrite transformation play the conclusive role in interphase 
precipitation. There has been some controversy over the OR between prior austenite 
and ferrite grains. Davenport [19] proposed that near K-S low energy interfaces are 
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only suitable for interphase precipitate formation. By contrast, Miyamoto et al. [25] 
have suggested that the interphase precipitation reaction predominantly takes place 
only at non K-S interfaces. The reason for this is due to the selection of NPLE or PE 
conditions at the interface [26]. However, Danoix [126] observed a Mn segregation 
spike along K-S interface. In addition, there were no APT studies, where interphase 
precipitates were shown exactly at the transforming interfaces. 
The role of clusters coexisting with interphase precipitates [16, 17] is still 
unclear. It is believed that these clusters may serve as precursors for interphase 
precipitates formation [18]. However, the nucleation of random precipitates [28] from 
a supersaturated ferrite matrix must go through metastable phases as in the Al alloy 
systems [149]. Therefore, the application of combined advanced microscopy 
techniques can unlock the precipitate nucleation and growth kinetics. 
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3 Experimental procedure 
 
3.1 Introduction  
 
In this chapter, the experimental procedures and materials used in the current 
study are discussed. The alloy selection and preliminary processing of a received 
material described in Section 3.2. The machines for thermomechanical processing 
(TMP) simulations and description of the samples used in the processing are outlined 
in Section 3.3. The Section 3.4 refers to the mechanical testing procedures of the 
samples, which were prepared after different TMP. In addition, microstructural 
characterisation techniques such as scanning electron microscopy (SEM), electron 
back-scattered diffraction (EBSD), transmission electron microscopy (TEM), high-
resolution scanning TEM (HRSTEM) and atom-probe tomography (APT) are 
discussed in Sections 3.5-3.8. Each characterisation section is subdivided into general 
technique description, sample preparation and data analysis subsections. 
 
3.2  Experimental Materials 
 
The experimental material used in this study was a laboratory Ti-Mo high-
strength low-alloyed (HSLA) steel with composition represented in Table 3.1. Ti and 
Mo were mainly added to promote the interphase precipitation. However, Mo and Ti 
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also increase the hardenability of the steel and so affect the austenite-to-ferrite 
transformation. Si was added to retard the formation and growth of cementite and 
stabilise ferrite. Mn is an austenite stabiliser and can affect the austenite 
recrystallization temperature.  
 
Table 3.1 Chemical composition of Ti-Mo steel examined in this study 
 C Mn Si Al Ti Mo 
Wt. % 0.04 1.52 0.21 0.03 0.05 0.22 
At. % 0.19 1.54 0.40 0.06 0.06 0.13 
 
The steel was made in an air induction furnace of CORUS, UK laboratory. As-
received slab with an initial thickness of 40 mm was subjected to hot rolling at a 
temperature range of 1100 – 1200 oC through multi-pass deformations to obtain a final 
thickness of 13 mm. Afterwards, the material underwent a homogenization treatment 
at a temperature of 1200 oC for 4 hours under Ar atmosphere. 
 
3.3 TMP simulation 
 
The Servotest thermomechanical test system (TMTS) machine was used to 
simulate the TMP (Fig. 3.1a). The Servotest machine is a hydraulic machine with the 
maximum load up to 500 kN, equipped with furnaces and cooling supply that makes 
possible to simulate complicated steel manufacturing processes.  
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Figure 3.1 (a) Servo-hydraulic deformation simulator machine; (b) Automatic jaws 
holding a uniaxial compression sample; (c) Uniaxial compression samples strain-free 
(left) and after strain of 1 (right). 
 
The resulting texture after rolling is very close to a texture after compression 
[41]. A commercial rolling process can be simulated by laboratory axisymmetric or 
plane strain compression test. The cylindrical samples (Fig. 3.1c) for axisymmetric 
compression with a 15 mm long and 10 mm in diameter were machined, having z-axis 
parallel to the compression direction. Boron nitride lubricant was applied at the top and 
bottom surfaces to minimise a stress caused by friction between tools and specimen. 
The temperature of a sample during the TMP was controlled and recorded by the 
thermocouple attached to a drilled hole in the sample (Fig. 3.1b). Stress and strain data 
were recorded during simulation.  
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The strain-free heat treatment was carried out in automatic induction furnace. 
Plain strain compression sample was used for the strain-free TMP. The plain strain 
compression sample had a rectangular prism shape with 60 mm in length, 30 mm in 
width and 10 mm in thickness.  
 
3.4 Mechanical properties testing 
 
3.4.1 Tensile test 
 
Room temperature uniaxial tensile tests were carried out using a 30 kN Instron 
5567 universal testing machine equipped with a non-contact video extensometer (Fig. 
3.2a). Sub-size flat tensile samples 2 mm in thickness (Fig. 3.2b) were sectioned from 
Figure 3.2 (a) Instron 5567 universal testing machine; (b) The geometry of the sub-
size tensile specimens. 
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the strain-free plain strain compression sample by electrical discharge machining. The 
gauge length was parallel to the longitudinal axis of the plain strain compression 
sample. Specifically designed tensile sample holders were used to fit the sub-size flat 
tensile samples. The tensile tests were performed at a constant strain rate of 1.0 x 10-
3s-1.  
 
3.4.2  Hardness and microhardness measurements 
 
All hardness measurements were taken from longitudinal direction of TMP 
samples. For hardness measurements the samples were initially cut along the 
compression direction. The sections were first ground subsequently using 600 and 1200 
grit SiC papers. The grinding followed by a mechanical polishing sequence using 9, 3 
and 1 µm Struers suspensions on Struers Tegrapol machine. After polishing the 
samples were cleaned in ultrasonic bath and then etched in 2% Nital solution in ethanol. 
Ten measurements were performed for each sample by hardness tester HWDV-7S with 
10 kg load.  
Figure 3.3 Optical micrograph of microhardness indentation within ferrite grain. 
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The microhardness test was used to measure the hardness inside ferrite grains, in 
order to avoid the influence of grain size contribution to the total hardness (Fig. 3.3). 
Vickers microhardness tests were carried out on Struers Durascan setup with 0.05 kg 
load. The hardness of at least 40 grains was measured for each sample.  
 
3.5 EBSD technique 
 
3.5.1 EBSD technique description 
 
EBSD technique was used to analyse grain size, grains misorientation and 
orientation relationship (OR) between austenite and ferrite grains. EBSD is a powerful 
technique based on SEM, which uses a backscatter signal of an incident electron beam 
to resolve the orientation of crystalline materials. The backscatter signal is collected at 
charge coupled device (CCD) camera as Kikuchi patterns [150], when the sample was 
Figure 3.4 (a) FEI Quanta 3D FEG SEM machine; (b) In-chamber view of EBSD
setup. The inset in “b” represents a typical Kikuchi pattern. 
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tilted at 70° angle (Fig. 3.4b). The Kikuchi patterns are composed of lines, which 
represent crystalline planes  
 
according to the Bragg law [151]: 
𝑛𝜆 2𝑑 𝑠𝑖𝑛 𝜃                                                   (3.1) 
Where d is the lattice plane spacing, λ is the electron wavelength, n is an integer 
that denotes the order of the diffraction band and θB represents the Bragg angle. 
EBSD data collection software matches Kikuchi patterns from each scanning 
point with a database and creates an EBSD dataset, which is used for further analyses. 
The EBSD acquisition in the current study was performed on FEI Quanta 3D FEG 
SEM (Fig 3.4a) operated at a voltage of 20 kV with a beam current of 8 nA using 10-
12 mm range of work distances. The EBSD maps were acquired using a step size of 
0.25 µm.   
 
3.5.2 Sample preparation for EBSD analysis 
 
In order to obtain a strong EBSD signal, the surfaces of the samples must be 
carefully polished to remove material layers affected by grinding and polishing [150]. 
The samples were initially cut along the compression direction. The sections were first 
ground subsequently using 600 and 1200 grit SiC papers. The grinding followed by a 
mechanical polishing sequence using 9, 3, 1 and 0.04 µm Struers suspensions on a 
Struers Tegrapol machine. After each step of the polishing the samples were carefully 
cleaned in ethanol using an ultrasonic bath. 
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3.5.3 EBSD data analysis 
 
The TSL orientation imaging microscopy (OIM) software was used for 
processing of the EBSD data. First, each EBSD dataset was cleaned using a grain 
dilation cleaning tool, which allows to remove misindexed points. EBSD was utilised 
to analyse ferrite grain size redistribution after different TMP conditions by the area 
fraction method with a misorientation angle threshold of 15° in TSL software (Chapters 
4 and 6).  
The experimental program outlined in Chapter 5 required understanding of OR 
between freshly formed ferrite and prior austenite grains after interrupted isothermal 
treatment. The orientations of polygonal ferrite grains have been defined using pole 
figures (Fig. 3.5b) and corresponding Euler angles. However, austenite is unstable at 
room temperature and transforms to martensite during water quench (Fig. 5.1). 
Therefore, the orientations of prior austenite grains were calculated from the 
Figure 3.5 (a) OR clusters of FCC-BCC hetero-interphases [94]. (b) Experimental pole
figure showing OR clusters of FCC-BCC. 
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orientations of corresponding martensite packets by back-calculation procedure with 
clustering approach [152]. A single austenite grain transforms into several martensite 
packets during quench, where each packet contains a set of martensite laths. Each 
martensite lath in packet follows one of ORs with parent austenite, which are 
represented in Table 2.1, namely: i) Bain, ii) Kurdjumov-Sachs (K-S), iii) Greninger-
Troiano (G-T), iv) Pitsch and v) Nishiyama-Wassermann (N-W) ORs [94]. Every OR 
listed above can contain 12 to 24 possible OR variants, which are visible on pole figures 
as OR variant clusters (Fig. 3.5) [94].  
To estimate ORs between polygonal ferrite and prior austenite grains, EBSD 
datasets underwent cleaning procedure using neighbour confidence index correlation, 
grain dilation and single orientation per grain tools [152]. Ferrite grains with [100] 
direction perpendicular to the sample surface were chosen for APT characterisation 
after interrupted isothermal treatment (Chapter 5). For this analysis, the [100] ferrite 
grains and surrounding martensite packets were cropped from EBSD dataset and saved 
to separate datasets. Pole figures of ferrite and martensite areas from initial EBSD 
dataset are shown in Fig. 3.6c. The pole figures from the dataset before cleaning (Fig. 
3.6c) showed presence of wrong reflections, which were not consistent with the listed 
OR variants (Fig. 3.5). As seen in Fig. 3.6d, the cleaning procedure enabled to remove 
the inappropriate variant clusters from the dataset.  
For the back-calculation procedure, Euler angles of at least 7 martensite laths in 
the prior austenite grain area, which are numbered in Fig. 3.6d, were recorded from the 
cleaned dataset. The recorded Euler angles were used for back-calculation procedure 
to find the orientation of the prior austenite, which is the parent phase for these 
martensite laths. After that, all possible OR variants, which can originate from 
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calculated prior austenite grain were calculated and plotted on the experimental pole 
figures (Figs. 3.5 and 3.6e). The deviation of freshly formed ferrite orientation from all 
calculated OR variants (Fig. 3.5) was identified.  The lowest deviation from the plotted 
calculated K-S variants in Fig. 3.5 was chosen as the deviation from the K-S OR 
between the prior austenite and ferrite (Fig. 3.6e).  
Figure 3.6 (a, c) Initial inverse pole figure map and pole figures of α1 and α’(γ) (dotted 
and dashed regions on “a” correspondingly); (b, d) Cleaned inverse pole figure map
and pole figures of α1 and α’(γ) (dotted and dashed regions on “b” correspondingly; (e)
Pole figure of calculated K-S OR variants between α1 and α’(γ). 
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3.6 TEM characterisation  
 
3.6.1 TEM technique description 
 
TEM technique was used to study the distribution of the precipitates, their 
number density, size, lattice structure and OR between the precipitate and the ferrite 
matrix. The observations were made using bright field (BF) (Fig. 3.7a), dark field (DF) 
Figure 3.7 (a) Representative BF image; (b) Representative SAED image from visible
area on “a”; (c) Representative DF image from reflection “I” on “b”; (d) Philips CM20
LaB6 TEM. 
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(Fig. 3.7b), selected area electron diffraction (SAED) (Fig. 3.7c) and convergent beam 
electron diffraction (CBED) modes. CBED mode generally was used for tracking of a 
ferrite grain orientation while tilting to desirable zone axis, as the CBED mode is more 
sensitive to tilt compare to the SAED [153].  
The transmitting electrons in TEM scatter on crystal lattice according to the 
Bragg law (Eq. 3.1). Generally, in SAED mode the scattered electrons are separated 
from primary beam and focused to diffraction spots (Fig. 3.7b). It should be noted that 
each diffraction spot belongs to a single set of parallel lattice planes and originates from 
the whole illuminated area [153]. In other words, each diffraction spot contains 
information from the whole illuminated area of a sample. The area of interest for 
illumination can be selected by a selected area aperture. When the diffraction spots are 
defocused by an intermediate lens they start overlapping and forming a BF image. In 
addition, it is possible to form an image from the single diffraction spot on the SAED 
image by blocking with an objective diaphragm other scattered electron beams. 
Therefore, if only primary beam is selected by an objective aperture the contrast of a 
BF image is increased. A DF image forms if single or couple diffracted beams are 
selected by the objective aperture. Thus, on a DF image lattice planes, which 
correspond to selected diffracted beams, are imaged (Fig. 3.7c).  
The SAED mode is performed with a parallel illuminating beam and 
characterised by sharp diffraction spots on SAED patterns. In contrast, the CBED mode 
is performed with a convergent illuminating electron beam and characterised by large 
discs along with Kikuchi lines. The discs in the CBED mode contains a contrast, which 
caused by a dynamic scattering. The dynamic contrast in the CBED discs can be used 
for foil thickness calculation (Fig. 3.9). 
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Philips CM20 LaB6 TEM (Fig. 3.7d) operating at 200kV, equipped with 
Olympus Veleta CCD camera and beryllium double tilt holder was employed in the 
current study. The SAED patterns were obtained by Olympus Veleta CCD camera with 
constant camera length L = 1.2 m. The maximum size of condenser aperture was used 
to create the brightest illumination. The objective and selected area apertures sizes were 
selected based on a desirable contrast and size of microstructural features conditions. 
 
3.6.2 Sample preparation for TEM 
 
The thin foils for the TEM analysis were prepared from the samples after 
different TMP schedules. Initially, slices with a thickness of ~300 μm were cut parallel 
to the cylindrical axes of strain-free and deformed samples by Struers Accutom-50 cut-
off machine. The sample feeding speed was maintained at 0.015 mm/s to minimise the 
depth of a damage caused by cutting. The slices were thinned using subsequent wet 
grinding on 600 and 1200 SiC papers to a thickness of ~120 μm. The samples were 
then punched from the middle of slices using a high-precision Gatan shear punch to 
make 3 mm discs. The discs were then manually thinned to a thickness of ~70 μm using 
1200 SiC papers. To obtain thin areas with transparency for electrons, the specimen 
discs were twin-jet electropolished in Struers Tenupol-5 electropolisher using a 5% 
perchloric acid in methanol solution at a voltage of 20.5 V. The electropolishing 
solution was cooled down to a temperature of -30°C using a liquid nitrogen to reduce 
a polishing rate. The elecropolished foils were readily cleaned in liquid nitrogen-cooled 
ethanol baths to avoid an etching. 
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3.6.3 TEM data analysis  
 
Crystal structures and ORs between phases were defined from diffraction 
patterns. The diffraction patterns were calibrated employing [111]Fe zone axis patterns 
acquired with constant L (Fig. 3.8a). The zone axis corresponds to plane arrangement 
in such way when their intersection forms a common lattice vector, which is anti-
parallel to the incident beam [153]. The [111]Fe zone axis can be easily recognized as 
Figure 3.8 (a) Experimental [111]Fe zone axis SAED pattern; (b-d) Simulated SAED 
patterns of 3 variants of the B-N OR in PDF4 software. 
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it has clear 6-fold symmetry in a BCC structure. Therefore, knowing the theoretical 
value of (110)Fe d-spacing the R and the dimensions of  SAED pattern were calculated 
in reciprocal units (nm-1) (Fig. 3.8a). The calculated dimensions from the zone axis 
SAED patterns are used to measure R on SAED patterns acquired with the same L and 
λ in reciprocal units (nm-1).  
The ORs between precipitates and the matrix were defined only from zone-axis 
SAED patterns taken from precipitates and matrix. To define the B-N OR, SAED 
patterns were acquired from <100>Fe zone axes.  
The interplanar spacing and angles between diffraction spots were defined and 
compared with simulated SAED patterns in PDF4 software (Fig 3.8b-d). For the N-W 
OR definition the diffraction patterns from <110>Fe zone axes were analysed.  
In the current work the dominant part of precipitate types had a disc shape. The 
diameters of disc and spherical precipitates were measured from the DF images of at 
least 100 precipitates from 4 different regions in a sample in ferrite grains with same 
zone axis. The number density of precipitates was calculated as the number of 
precipitates per area multiplied by foil thickness, where DF images were used for 
calculation of number density of single variant precipitates and BF images for multiple 
variant precipitates.   
The foil thickness was calculated from the Kossel-Mollenstedt (K-M) discs 
pattern obtained by CBED mode [154, 155]. The K-M discs contain parallel intensity 
oscillations (Fig. 3.9b). The central bright fringe in 200Fe disc is at the exact Bragg 
condition, where the deviation from the Bragg condition is zero (s=0) (Fig. 3.9).  The 
fringe spacing correspond to angles Δθi (nm-1) as shown schematically in Fig. 3.9a. 
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From these angles the deviation of each fringe from the exact Bragg condition were 







where θB (nm-1) is the Bragg angle for the diffracting plane, d (nm) is the 
interplanar spacing of corresponding planes and λ (nm) stands for the electron 
wavelength. 
If an incident electron wave reaches a certain depth of a sample, its amplitude 
becomes zero and the diffracted wave becomes maximum. This distance is known as 
extinction distance (ξg). The ξg values were calculated for the major planes of different 
materials and available in databases [156]. Knowing the ξg (nm) value, the foil 







   
(3.3) 
where nk is an integer related to order of fringe. 
 
 
Figure 3.9 Foil thickness determination: (a) Schematic representation of parameters to 
be measured for using in equation 3.3 [153]; (b) Example of an experimental K-M 
pattern with parallel fringes in 200Fe disc. 
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Image analysis software ImageJ was used to calculate distance between rows. 





where l (nm) is total length of line drawn perpendicular to the rows of precipitates 
on TEM image; Nr is number of the rows crossed by line. 
  
3.7  High-resolution scanning transmission electron microscopy 
(HRSTEM) 
 
3.7.1 HRSTEM technique description 
 
HRSTEM was used to image the atomic structure of clusters and precipitates, 
which is beyond of resolution of conventional TEM. In the conventional TEM imaging 
the incident electron beam is parallel and illuminates whole area of interest. In contrast, 
in scanning transmission electron microscopy (STEM) the electron beam is convergent. 
In STEM a convergent electron beam scans across a specimen and diffracted electron 
beams from each point of scanning are simultaneously registered by detectors (Fig. 
3.10). There are a set of detectors in STEM to acquire electrons scattered at different 
angles (Fig. 3.10). The BF detector registers electrons, which are scattered at low 
angles (less than 15 mrad) similar to imaging of primary beam in conventional TEM. 
The high angle annular dark field (HAADF) and DF detectors acquire electrons 
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scattered at angles higher than 15 mrad, which is similar to DF imaging in conventional 
TEM. However, the electrons scattered at very high-angles (larger than 50 mrad) are 
Rutherford scattered [153] and their scattering depends on atomic number of specimen 
Figure 3.10 (a) Schematic representation of STEM imaging [149]; (b) Example images 
of steel foil acquired by BF, DF and HAADF detectors. 
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and thickness. Therefore, images acquired on the HAADF detector from thin 
specimens are called z-contrast images. On the z-contrast images elements with high 
atomic numbers appear brighter than the elements with lower atomic numbers. In 
addition to z-contrast, HAADF images also possess thickness contrast (thick specimen 
sides on HAADF image are bright in Fig. 3.10b). However, in thin regions the z-
contrast prevails.  
The HRSTEM was carried out on a FEI Titan 80-300 operating at 300 kV fitted 
with dual CEOS aberration correctors at EMU, Monash University. The scanning probe 
convergence half-angle in this study was 15 mrad. In order to minimize the detrimental 
magnetic effect from the ferritic matrix, first and second order aberrations were reduced 
after tilts and change in area of observation. HAADF images were acquired using a 
Fischione Model 3000 detector, with a collection half-angle of 78-200 mrad. Low angle 
annular dark field (LAADF) and BF images were acquired using FEI DF4 and BF 
detectors, with collection half-angles of 19-65 and 0-15 mrad, accordinly. The LAADF 
collection inner angle was just beyond the zero order Laue zone (ZOLZ) therefore, 
LAADF imaging was sensitive to any change in diffraction condition, lattice 
parameter, atomic number or thickness. The simultaneous HAADF imaging was 
sensitive to changes in thickness and atomic number therefore, was used to divide out 
these two factors.  
 
3.7.2 TEM site specific sample preparation  
 
A ferromagnetic nature of ferrite restricts high-resolution imaging by influencing 
and distorting the electron beam. To minimize this fatal magnetic effect, the HRSTEM 
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foil was prepared by site-specific in-situ lift-out method (INLO) using a focused ion 
beam (FIB) in the dual beam FEI Quanta 3D FEG SEM. The lift-out foils have orders 
of magnitude less volume than conventional electro-polished samples, this minimizes 
the optical aberrations induced by ferromagnetic fields of ferrite. 
Firstly, the crystal orientation was mapped by EBSD, as shown in Fig. 3.11 to 
identify grain orientation. The samples for the HRSTEM were made from a ferrite grain 
with [010]Fe orientation perpendicular to sample surface (Fig. 3.11a) by FIB INLO 
[157]. A trench was milled parallel to the (001)Fe plane to minimize sample tilting to 
[001]Fe zone-axis in HRSTEM analysis. A specimen block was extracted from the 
trench by Kleindiek micromanipulator and welded to Omniprobe Cu specimen grid. At 
the next stage the block on the specimen grid was thinned to a thickness below 150 nm 
by 30 kV Ga+ ion beam. The incidence angle was offset by 2° to keep the foil slightly 
wedged. Finally, two low-voltage (5 kV and 2 kV) polishing steps were carried out to 
achieve transparency of foil on SEM image. The low-voltage polishing was required 
Figure 3.11 HRSTEM sample preparation procedure: (a) EBSD pole figure map. The
inset represents corresponding colour key. The shaded area represents a milled trench
while the lift-out procedure; (b) SEM image of prepared foil. The arrows denote
crystallographic directions. 
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to reduce the FIB-damaged layers down to 4 nm [158]. The foil also had a continuously 
varying thickness (approximately 5 – 100 nm) through the width, which ensured ideal 
thicknesses available for observing clusters and nano-precipitates.  
 
3.7.3 STEM data analysis 
 
The fast Fourier transform (FFT) of lattice images in HRSTEM are the similar to 
SAED patterns in conventional TEM [153]. Therefore, the FFT of HRSTEM images 
were performed to identify crystal structures and were analysed in a similar way as 
regular SAED patterns. However, FFT from STEM images are much more sensitive to 
the lattice strains than SAED in conventional TEM. The vertical and horizontal streaks 
that run normal to the edges of the mask are artefacts of the FFT processing. Inverse 
fast Fourier transform (IFFT) was also used to filter HRSTEM images to reduce 
artificial streaking effects. FFT and IFFT images were generated using Gatan Digital 
Micrograph software.  
 
3.8  Atom probe tomography (APT) 
 
3.8.1 APT technique description 
 
Conventional TEM and HRSTEM studies are not able to provide a complete 
information about composition of precipitates and distribution of solutes in the matrix. 
More detailed analysis can be performed using APT technique [159]. APT is a 
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destructive technique based on field evaporation of atoms from sharp, needle shaped 
specimen (Fig. 3.12c). The field evaporation is driven by voltage or laser pulses in 
addition to a standing voltage in a progressive manner. The evaporated ions are 
recorded by a position-sensitive detector and their chemical identities are defined by 
Figure 3.12 (a) Image of LEAP Cameca 4000X HR; (b) LEAP Cameca 4000X HR in-
chamber camera view; (c) Bottom in-chamber microscope view of specimen and local-
electrode; (d) Schematic view of the LEAP operation [160]. 
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time-of-flight mass spectrometry [160]. To build a 3D reconstruction, the resulting data 
files are analysed with specially designed software IVAS after the experiment. 
In voltage pulse mode, which was used in current study, the standing electrostatic 
field is applied to specimen (VDC in Fig. 3.12d). The standing voltage is progressively 
increased from 0.5 to 11 kV during experiment and controlled by detection rate on the 
position-sensitive detector. The voltage pulses (VP in Fig. 3.12d) are applied in addition 
to the standing voltage, which allows ions to escape the needle [161]. The voltage pulse 
magnitude in APT depends on the standing voltage and progressively increases with 
the standing voltage. The time of flight of ions is a time between the voltage pulse and 
the corresponding hit event on the position-sensitive detector [159]. From the time-of-
flight the mass-to-charge ratios of ion species are calculated. 
The analysis of APT samples was performed with a Local Electrode Atom Probe 
(LEAP) 4000X HR with 42% detection efficiency (Fig. 3.12a). The main two 
parameters that need to be adjusted properly are: (i) pulse fraction and (ii) ion detection 
rate (the average number of ions detected on a single pulse). The pulse fraction should 
be optimised to avoid the preferential evaporation of the element species with the 
lowest evaporation field. A pulse fraction of 20% of the standing voltage was used to 
minimise a background noise. The experiments were started with a detection rate of 
0.2 and after stabilizing during probing, was further increased to 0.5. The temperature 
of specimens was maintained at 60K for all APT experiments.   
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3.8.2 Sample preparation: Electropolishing 
 
The standard electropolishing procedure was used to prepare the APT samples 
for the experiments when the site-specific analysis was not involved (Chapter 6). 
Square cross section blanks with dimensions of 0.2 x 0.2 x 18 mm were cut from the 
bulk sample with one end pointing to the centre of the sample to avoid regions with 
non-uniform deformation. The specimen whiskers were inserted to Cu tubes, which 
suit the APT specimen holders. The electropolishing of the specimens included two 
stages: (i) dip electropolishing and (ii) microelectropolishing [159]. The dip 
electropolishing was conducted using 10% perchloric acid in acetic acid. A schematic 
representation of the process is shown in Fig. 3.13a.  
 
 
Figure 3.13 APT sample preparation by electropolishig: (a) The first stage: dip 
electropolishing; (b) The second stage: microelectropolishing. 
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The specimen blank and gold counter electrode were submerged to the electrolyte 
and connected to “+” and “–” of a voltage supply correspondingly. The applied voltage 
varied in a range of 10 to 24 V. The specimen blank was dipped into electrolyte as 
shown in Fig. 3.13a. When the end of the needle was sharp enough, it moved to the 
second stage electropolishing setup (Fig. 3.13b). The microelectroplishing was carried 
out using 2% perchloric acid in 2-butoxyethanol electrolyte under optical microscope 
with 400X and 1000X magnification [159]. At this stage, the needle was moved in and 
out of electrolyte drop within a 3 mm gold circular counter electrode (Fig. 3.13b). The 
specimen needle and counter electrode were connected to “+” and “–” of a voltage 
supply correspondingly. The process was continued until the end of the needle became 
blurry under 1000X magnification, i.e., sharp enough for the APT study [162]. The 
high-quality specimen is a critical component of a successful APT experiment. Hence, 
the highest care was taken to have proper shape of the apex region and size of the apex 
radii.  
 
3.8.3 Sample preparation: Site-specific INLO 
 
The APT samples from a specific area of interest defined by EBSD were prepared 
by a standard FIB site-specific INLO procedure [163]. The multiple samples were lifted 
out from each of ferrite grain interiors and martensite/ferrite interfaces. Few steps of 
the INLO APT sample preparation illustrated in Fig 3.14. First, a trench was milled out 
in the area of interest by FIB. After that, the material block was lifted out from the 
trench using the Kleindiek micromanipulator. The lifted-out material was welded by 
FIB-assisted platinum deposition to Si micro-tip arrays. The number of specimens 
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prepared from a single block depended on the block size. Then, the specimens were 
progressively sharpened by annual milling with 30 kV and finishing with 8 kV Ga+ ion 
beam. The 8 kV final milling was required to remove the specimen layers, which were 
damaged by the 30 kV ion milling. Therefore, the depth of Ga+ implantation to APT 
specimen was minimised. The transmission Kikuchi diffraction (TKD) technique was 
used to track the ferrite/martensite interface in the apex of APT specimen. 
 
3.8.4 Data analysis: Data reconstruction 
 
First to analyse APT data, POS (ion positions) and RNG (mass spectrum 
assignation) files should be generated from a raw RHIT data. The POS and RNG files 
were created from RHIT files using a standard data reconstruction procedure in IVAS 
v3.8 software. Reconstructions of the APT data can be performed based on voltage 
curve evolution during experiment and known shape of apex of the needle. In the latter 
case, the shape of the specimen can be determined from SEM or TEM images. In the 
Figure 3.14 Site-specific lift-out APT sample preparation: (a) Process of material
extraction with manipulator; (b) Sharpening of welded needle; (c) Sample after
milling with 8 kV ion beam. 
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current study all APT data reconstructions were performed with the use of the voltage 
curve evolution and calibrated with the crystallographic poles on a hit map.  
There are two major parameters, which determine the true shape of a 
reconstructed dataset in the voltage reconstruction mode: k-factor (kf) and image 
compression factor (ICF). The kf is a geometric field factor, which corresponds to shape 
of the APT specimen and influences of an electrostatic environment surrounding the 
tip [160]. The ICF is defined as reciprocal of angle-magnification ratio and depends on 
the apex radius of the tip [164]. In the advanced APT data calibration, the ICF is 
determined from the distances between indexed poles on the hip map (Fig. 3.15). To 
identify ICF, orientation imaging microscopy (OIM) software incorporated to IVAS 
v3.8 was used. The kf was determined at the fixed ICF value by trial-and-error from 
the spatial distributions of Fe ions along specific low-index crystallographic poles. The 
spatial distribution of Fe ions along [101] pole direction clearly shows peaks, which 
correspond to the interplanar spacing of the crystallographic planes (Fig. 3.15). The kf 
Figure 3.15 Atom hit-map and spatial distribution map of Fe ions along indexed [010]
direction. 
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was tuned until the interplanar spacings of at least two crystallographic projections 
were equal to the theoretical values. 
The above procedure describes a calibration of the correct ion positions in a 
dataset. In addition, an extra care should be taken when creating RNG file, to ensure 
that each peak in the mass spectrum was assigned to the correct ion species. However, 
in the current study, the steel contained Ti, Mo and C, which caused some known peak 
overlaps in the mass spectrum. Two major conflicts occurred at 24 Da (Ti2+, C2+ and 
C42+) and in the range of 46 – 50 Da between isotopes of Ti+ and Mo2+ (Fig. 3.16). The 
conflicts have been ruled out with the use of a peak decomposition tool in IVAS v3.8 
software, where the peaks are assigned according to expected isotope abundances.  
 
3.8.5 Data analysis: Cluster analysis 
 
Accurate algorithms are required to identify and analyse individual clusters in 
terms of size, composition and distribution [165]. This can be done by cluster finding 
algorithms incorporated to IVAS v3.8 software. The maximum separation method 
[166] was used to quantify and separate clusters and nano-precipitates from the matrix. 
Figure 3.16 Mass spectrum of Ti-Mo alloyed steel. 
 
3 Experimental procedure 
 
77 | P a g e  
 
The maximum separation method works based on three main parameters: i) solute atom 
selection, ii) a minimum number of selected solute atoms in cluster (Nmin) and iii) the 
threshold distance between selected solute atoms (dmax). Many researchers [16, 17, 24] 
used the fixed values of Nmin and dmax parameters. In the current work, a method of 
identification of unique Nmin and dmax for each dataset developed by Dhara and Marceau 
[106] was used. Ti, Mo and C ions were selected as core solute atoms in the cluster 
analysis. The Fe atoms were considered as part of matrix and was not included in 
composition analysis of precipitates. The dmax parameter for each dataset were defined 
as intersection of experimental Ti, Mo and C nearest neighbour (NN) distribution and 
random NN distribution curves.  The random NN distribution curve has been generated 
in IVAS v3.8 software by random labelling of chemical identities in the dataset [165]. 
The Nmin parameter was determined to be greater than the maximum cluster size, given 
by a random cluster size distribution plot. The random cluster size distribution plots 
were generated by cluster analysis tool available in IVAS v3.8 software. The Guinier 
radii of clusters (rG) were calculated from radius of gyration lg [159]: 
𝑟 =𝑙 5 3⁄                                              (3.5) 
The number density of precipitates was calculated by dividing the total number 
of precipitates by the dataset volume. The volumes of datasets were calculated in IVAS 
software from the number of atoms in datasets and their atomic volume. Due to the 
difficulties of peak decomposition in cluster analysis, the peaks were assigned to the 
largest contributors. The peak at 24 Da was assigned to Ti and the range of 46 – 50 Da 
to Mo. Therefore, the C content in clusters can be underestimated and in contrast, the 
Ti content overestimated.  
 4.1  Introduction 









Ti-Mo high-strength low-alloyed (HSLA) steel is mainly strengthened by 
precipitates that are formed during the austenite-to-ferrite phase transformation over 
the isothermal temperature range of 600 to 700°C. After transformation in this range 
of temperatures, the final ferritic microstructure can contain different types of 
precipitates and clusters [1, 13, 15, 16, 18, 23, 28, 78, 90, 167]. Two types of 
precipitates have been previously identified in the literature: planar and random [19, 
21, 28]. However, there have been conflicting opinions about the origin of each type 
of precipitate [21, 28] and the role of clusters in their formation [17]. 
A fundamental study of the precipitation that occurred during the austenite-to-
ferrite phase transformation at 650 °C in a Ti-Mo alloyed steel is discussed in this 
chapter. The precipitation process was studied by a combination of advanced 
characterisation techniques, such as electron back-scattered diffraction (EBSD), 
transmission electron microscopy (TEM), high-resolution scanning TEM (HRSTEM) 
and atom probe tomography (APT). The type of precipitation was distinguished based 
on the orientation relationship (OR) between the matrix and precipitate, size of 
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precipitate, shape and composition. Moreover, the nucleation and growth of nano 
precipitates and their kinetics were studied. Hence, the main objective of this chapter 
was to understand the main parameters that affect the precipitation in the Ti-Mo steel.  
 
4.2 Experimental procedure 
 
The thermomechanical processing (TMP) schedule simulated by the Servotest 
machine is represented in Fig. 4.1. The sample was initially reheated to 1200 °C for 
180 s to dissolve pre-existing precipitates. Then it was cooled to a temperature of 650 
oC at a cooling rate of 30 oC/s. The samples were then isothermally held at 650 oC for 
3600 s to complete the austenite-to-ferrite transformation. The steel was then water 
quenched. 
This chapter includes characterisation by EBSD, TEM, HRSTEM and APT. 
Conventional TEM was conducted on 3 electropolished foils and HRSTEM was 
performed on single lift-out foil from a 20 µm ferrite grain (Chapter 3). The APT 
samples were prepared both by electropolishing and focused ion beam (FIB) in-situ 
Figure 4.1 Thermomechanical processing schedule. 
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lift-out (INLO) procedures described in Chapter 3. Four APT samples were prepared 
by electropolishing from random area and one APT sample was prepared from the 




4.3.1 Ferrite grain characteristics 
 
The microstructure formed after TMP was fully ferritic; the ferrite grains were 
largely equiaxed and coarse, having an average size of 42 ± 10 µm (Fig 4.2a). There 
was an inhomogeneous distribution of grain size throughout the microstructure (Fig. 
4.2 b). The average misorientation angle was 26% and the fraction of high-angle 
boundaries with misorientation angles larger than 10° were 58%. (Fig. 4.2d). TEM also 
revealed that the ferrite grains might be divided into two types: (i) dislocation-free and 
(ii) grains with a high dislocation density of ~ 5.8 ± 1.4 x 1014 m-2 (Fig. 4.2c). 
 
4.3.2 TEM study of planar interphase precipitation  
 
Most of the ferrite grains contained precipitates, but the characteristics of 
precipitates (i.e., size, orientation relationship (OR), and distribution) varied within a 
given ferrite grain. In other words, more than one type of precipitate were observed in 
a given ferrite grain. The first type of precipitates was formed along parallel planes 
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with a regular spacing between these planes (Fig. 4.3a). In the 2D bright-field (BF) 
TEM image (Fig. 4.3a) the precipitation planes appeared as lines and were parallel to 
(011)Fe planes. 
The average precipitate diameter and plane sheet spacing were 4.4 ± 1 nm and 
20 ± 3 nm, respectively. An analysis of several diffraction patterns (Fig. 4.3b) revealed 
that these precipitates had a NaCl-structure with a lattice parameter of a=4.36 Å. The 
OR between the ferrite matrix and the precipitates showed a single variant of the Baker-
Nutting (B-N) OR with (001)Fe//(001)MC and [100]Fe//[110]MC. This is the key 
Figure 4.2 (a) Pole figure and Image Quality EBSD map; (b) Grain size distribution
histogram; (c) TEM BF image showing dislocated ferrite grain; (d) Misorientation
angle distribution. 
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characteristic of the interphase precipitation, repeatedly formed on a migrating 
ferrite/austenite interface during the transformation from austenite to ferrite [19, 99]. 
Hereafter, this type of precipitation will be called “planar interphase precipitation”. 
 
4.3.3 APT observation of the planar interphase precipitation 
 
Planar interphase precipitation was also observed in the APT study (Fig 4.4). In 
order to find a planar arrangement of precipitates, each APT reconstruction was 
carefully rotated. However, only one APT reconstruction from this condition 
demonstrated a clear planar arrangement of precipitates from a certain angle of view 
(Fig. 4.4a). The sheet spacing calculated from the APT reconstruction was close to 20 
nm, which correlated well with the TEM study (Fig. 4.3a). An average precipitate 
Guinier radius and number density were 1.3 ± 0.3 nm and 98 x 1022m-3, respectively. 
Figure 4.3 (a) TEM BF image of interphase precipitation, dashed lines indicate sheet
spacing. The arrows represent [020]Fe and [002]Fe directions; (b) SAED pattern from
the corresponding area ([100] zone axis for ferrite, [110] zone axis for MC). 
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However, it appeared that the Guinier radius did not represent the true size, as 
precipitates had a disc shape. A selected box containing an interphase precipitate was 
extracted from the APT dataset for close study. From two field of views of the selected 
box (“I” and “II” in Fig 4.4) it was revealed that planar interphase precipitates were 
disc-shaped parallel to {100}Fe crystallographic planes, which corresponds to the habit 
plane parallelism in the B-N OR between precipitates and the ferrite matrix. Visible 
Figure 4.4 0.9 at.% Ti iso-concentration surfaces from planar interphase precipitation
area. (I) side view and (II) top view of Ti (spheres) superimposed by Fe (dots) ion maps 
of selected box with the interphase precipitate. The dashed line in “I” indicates {100}Fe
planes. 
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average dimensions of discs were approximately 4 nm in diameter and 1 nm in 
thickness. Thus, the visible diameter was larger than the average Guinier diameter of 
the precipitates. The average composition of precipitates determined by separating 
precipitates from the matrix was (Ti0.46Mo0.27)C0.27, which is inconsistent with the 
equilibrium MC phase. However, as discussed in Chapter 3 the C content could be 
underestimated due to Ti2+ and C2+ peak overlapping and local magnification effects 
[106]. 
 
4.3.4 TEM and APT study of random interphase precipitation  
 
Some precipitates were found randomly distributed in the ferrite grains with a 
size close to those formed in the planar arrangement (Fig. 4.5a, c). The precipitates also 
had a disc shape and were aligned with broad planes parallel to each other. The 
arrangement of this type of precipitation made it possible to calculate the number 
density from TEM images which was estimated to be 25 x 1022m-3. Analysis of 
diffraction patterns (Fig 4.5b) confirmed that precipitates also had a single variant of 
the B-N OR, similar to the planar interphase precipitates (Fig. 4.3). Diffraction patterns 
(Fig. 4.5b) also showed a streak between 011  and 111  reflections, which is 
common for electron diffraction pattern from disc-shaped objects [153]. From the 
above, it can be suggested that this class of randomly distributed precipitates can also 
be considered as interphase precipitates, as demonstrated by others [21], and hereafter 
will be termed random interphase precipitates. 
Random interphase precipitation was the dominant type observed in the APT 
study (Fig 4.5d). The average precipitate Guinier radius was rg=1.4 ± 0.4 nm and the 
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average number density was 72 x 1022m-3. The average composition of random 
interphase precipitates was similar to the composition of the planar interphase 
precipitates (Ti0.53Mo0.20)C0.27 with a slight difference in Ti/Mo ratio. 
 
 
Figure 4.5 (a) TEM BF image of random interphase precipitation; (b) Corresponding 
diffraction pattern ([100] zone axis for ferrite, [110] zone axis for carbide); (c) TEM 
DF image taken from 111  streak reflection, the arrows represent 010  and 
001  directions; (d) Ti atom map superimposed by 0.9 at.% Ti, C iso-concentration 
surfaces of randomly distributed precipitates. 
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4.3.5 HRSTEM study of the random precipitation  
 
TEM also revealed another type of precipitates, with a relatively large size of ~ 
10 nm, randomly distributed within the ferrite grains (Fig. 4.6a). However, these 
Figure 4.6 (a) TEM BF image of random precipitates; (b) BF HRSTEM image of 
random precipitates; (c) LAADF HRSTEM image of the same area as “b”; (d) HAADF 
HRSTEM image of the same area as “b”. The arrows represent 002  and 020
directions and dashed circles mark locations of precipitates with three different variants
of the B-N OR. 
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precipitates exhibited all three possible variants of the B-N OR with the ferrite matrix: 
(i) (001)Fe//(001)MC [100]Fe//[110]MC, (ii) (010)Fe//(001)MC [001]Fe//[110]MC, and (iii) 
(100)Fe//(001)MC [010]Fe//[110]MC. This type of precipitates can be considered as 
random precipitates [28]. Therefore, the precipitation types observed in the ferritic Ti-
Mo HSLA are summarised based on their characteristics in Table 4.1. 
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HRSTEM performed on the lift-out foil confirmed the presence of randomly 
distributed precipitates with all three possible variants of the B-N OR with the ferrite 
matrix (Fig. 4.6b-d). Low-angle annular dark-field (LAADF) HRSTEM images clearly 
showed the difference in contrast between the matrix and some microstructural 
features, most likely to be precipitates, (Fig 4.6b, c), while the high-angle annular dark-
field (HAADF) image did not have this contrast (Fig 4.6d). More detailed analysis 
using HRSTEM images revealed three types of clusters/nano-precipitates based on the 
size and lattice structure (Fig. 4.7a-c). The first group had disk-like (Fig 4.7a-f) shapes 
with an approximate diameter ranging from 1.5 to 3 nm. This group showed low 
contrast in BF (Fig. 4.7a, d) along with LAADF (Fig. 4.7b, e) and no contrast in 
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Figure 4.7 HRSTEM images of embryo clusters ([200] zone axis for ferrite): (a, d) BF
images; (b, e) LAADF images. “I and III” are FFT images of clusters from
corresponding regions in “b” and “e”. “II and IV” are FFT images of the matrix from
corresponding regions in “b” and “e”; (c, f) HAADF images. The arrows in “c” and “f”
represent 002  and 020  directions. 
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HAADF (Fig 4.7c, f) images. Fast Fourier transform (FFT) from high-resolution 
LAADF images showed no difference in the lattice structure compared to the ferrite 
matrix (regions i-iv in Fig. 4.7). The second group had also a disc shape with diameter 
of 4 nm and thickness of 5 atomic planes (region II in Fig 4.8a). The corresponding 
Figure 4.8 HRSTEM images of a GP cluster and nano-precipitate: (a) LAADF image;
(b) Filtered inverse FFT image of region III in “a”. The white arrows represent 002
and 020  directions. The black arrows represent 022  and 200  directions;
(c) FFT images from regions of I – matrix, II – GP cluster, and III – nano-precipitate in 
“a”. The schematics show corresponding reflection spots for Fe and MC. Crosses 
represent forbidden reflections. 
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FFT of region II contains a set of diagonal streaks (illustrated as red bands in Fig. 4.8c).  
The third group refers to large disk-shaped precipitates with 10 nm in diameter and up 
to 10 atomic planes in thickness (region III in Fig. 4.8a). The FFT from region III shows 
the presence of spots, which are consistent with MC carbide reflections. The carbide 
showed clear NaCl structure and a B-N OR with the ferrite matrix, namely 
(010)Fe//(100)MC and [001]Fe//[011]MC (Fig. 4.8b, c). The measured lattice parameter of 
the carbide (Fig. 4.8b) was 4.24 Å, whereas that of ferrite was 2.87 Å. The lattice 
spacing of (010)Fe and (011)MC planes were 1.44 Å and 1.50 Å, respectively. The 
calculated misfit between the ferrite matrix and MC carbide was approximately 4.5 %. 
The filtered inverse FFT image (Fig. 4.8b) showed the presence of dislocations in the 
transition zone between the ferrite matrix and MC carbide.  
 
4.3.6 APT study of the random precipitates 
 
An APT study was performed on the sample extracted from the lift-out foil, that had 
been analysed by HRSTEM (Fig. 4.9). Although the morphology of the carbides was 
affected by the local magnification effect during APT probing [168], the disc-shape 
was clearly observed in the APT dataset (Fig. 4.9b). The B-N OR was observed 
between precipitates and the matrix by HRSTEM, where habit planes of precipitates 
were parallel to the {100}Fe crystallographic planes (Fig. 4.8). In APT observations 
(Fig. 4.9b) the habit planes of disc-shaped precipitates were also parallel to the {100}Fe 
crystallographic planes, which correlates well with HRSTEM observations. Average 
Guinier radius and number density of precipitates were rg=1.6 ± 0.5 nm and 60 x 1022m-
3 respectively. Precipitates can be visually differentiated by their diameter: 2 and 4 nm 
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(Region I) and 10 nm (Region II), which corresponds to the HRSTEM observation of 
3 groups of precipitates. The average composition of precipitates determined by 
separating precipitates from the matrix was (Ti0.4Mo0.22)C0.38 , which was still 
inconsistent but closer to equilibrium MC phase composition.  
 
Figure 4.9 APT reconstruction from the region of HRSTEM analysis: (a) Ti atom map
superimposed by 2.35 at.% Ti, C iso-concentration surfaces; (b) Ti (spheres)
superimposed by Fe (dots) atom maps of selected boxes “I” (cluster and GP cluster)
and “II” (nano- precipitate) in “a”. Lines indicate {100}Fe planes and dotted circles 
indicate approximate size of nano-precipitate and clusters. 
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4.3.7 Mechanical properties 
 
A representative engineering stress-strain curve is shown in Fig. 4.10. The steel 
showed a high work hardening rate. The average yield strength (YS) and ultimate 
tensile strength (UTS) were at the levels of 600 MPa and 690 MPa respectively. The 
average total elongation was ~ 26.5 %. The hardness and microhardness values were 
255 ± 2 HV and 271 ± 10 HV respectively. 
  
Figure 4.10 Representative engineering stress-strain tensile curve. 
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4.4.1 Planar and random interphase precipitation characteristics 
 
The challenges in characterising precipitation in the Ti-Mo steel by TEM arise 
because of the ferromagnetic nature of the steel samples, extremely fine size of the 
precipitates and presence of dislocations in the ferrite grains. This has led to some 
discrepancy in identification of the type of precipitation between different research 
groups [19, 21, 23, 28, 78, 90, 111, 167] and according to other researchers, that the 
existence of interphase precipitates in commercial steels is relatively low and largely 
inconsistent [20]. 
Firstly, the planar arrangement of interphase precipitates can only be observed 
when the electron beam is approximately parallel to the precipitate sheets [19]. In 
contrast, interphase precipitation thought to be random precipitation if the TEM 
observation does not satisfy the condition mentioned above. Following this 
requirement, we observed interphase precipitation in most of the ferrite grains and 
confirmed the most distinctive characteristic of the interphase precipitation i.e. the 
formation of regular planes of precipitates with a similar distance between the planes 
(Fig. 4.3). The presence of the planar arrangement of interphase precipitates was also 
confirmed by APT (Fig. 4.4). According to Davenport [19], the planar interphase 
precipitation occurs as a sequence of migrating ferrite ledges parallel to a coherent 
interface. The height of ledges is usually equal to the intersheet spacing of the 
precipitates and varies depending on the transformation condition. The planar 
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interphase precipitates nucleate at terraces on the ledges and grow within ferrite after 
being over-run by the next ledge [19]. In addition, some austenite/ferrite interfaces with 
high energy can advance by bowing between freshly nucleated precipitates [21]. As a 
result, the interphase precipitates do not have regular character and can appear as 
randomly redistributed precipitates. Nevertheless, the distinctive feature for all types 
of interphase precipitation is the OR between the precipitates and the ferrite matrix. 
Although there are three equivalent variants for the B-N OR, the planar and random 
interphase precipitates preferably follow only one variant that has a habit plane closely 
aligned to the migrating ferrite/austenite interface [19]. Therefore, randomly 
distributed precipitates, which follows a single variant of the B-N OR is termed random 
interphase precipitation (Fig. 4.5). The important thing to highlight is that both planar 
and random interphase precipitates demonstrated the B-N OR between the precipitates 
and the ferrite matrix and was dominated by a single variant of the B-N OR (Figs. 4.3b, 
4.5b). Both types of the interphase precipitates (planar and random) had disk-like shape 
and similar composition of Ti-Mo-C close to M2C. 
Other types of randomly distributed precipitates with disc-shaped morphology 
were also identified in some ferrite grains. However, this type of precipitate was formed 
with all three variants of the B-N OR with the ferrite matrix (Fig 4.6). It has been 
suggested [169] that precipitates, which have all three variants of the B-N OR with the 
ferrite matrix cannot be considered as interphase precipitates. Therefore, it can be 
concluded that they were formed after the completion of the austenite-to-ferrite phase 
transformation. When the ferrite/austenite interface moves relatively fast the formation 
of interphase precipitates could be largely suppressed leading to the supersaturation of 
the ferrite by solute elements after the austenite-to-ferrite phase transformation [28]. 
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Also, according to others [24], interphase precipitation is suppressed when the 
interfaces between ferrite/austenite has the K-S OR. Therefore, random precipitation 
can be nucleate and grow from the supersaturated ferrite matrix during further 
isothermal holding, and/or upon cooling. 
 
4.4.2 From clustering to random nano-precipitation 
 
A homogeneous equilibrium second phase formation from a supersaturated solid 
solution is complex and contains a range of intermediate, metastable phases [49]. The 
most representative example is the observation of intermediate precipitation stages in 
Al-based alloy systems [138]. One of the intermediate metastable phases in Al-alloys 
are the Guinier-Preston (GP) zones [170]. The GP zones are groupings of solute atoms 
with a crystal structure equivalent to the parent Al matrix. It is believed, that GP zones 
serve as precursors for stable phases [170]. The GP zones have a greater strengthening 
potential than stable precipitates with crystal structure distinct from the Al matrix 
[138]. Similar to Al alloys, the presence of mono-layered GP zones has been observed 
in Nb-alloyed steels [144]. APT studies also have shown the presence of groupings of 
solute atoms with unordered arrangement in Ti-Mo steel along with the nano-
precipitates [15]. These groupings of solute atoms with spatial dimensions less than 3 
nm are called «clusters» [15, 16, 18]. It has commonly been assumed that clusters in 
Ti-Mo HSLA steel have a great strengthening potential similar to the GP zones in Al 
alloy systems [18]. However, there was no detailed study on the crystallography of 
clusters in steels. 
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Similar to the APT observations by others [16, 17, 18] the groupings of solute 
atoms with unordered arrangement were observed by HRSTEM (Fig. 4.7). These atom 
clusters (the first group in Fig 4.7) were classified as the first stage of precipitation and 
called «embryo clusters». They were formed homogeneously from the supersaturated 
ferrite matrix after completion of the austenite-to-ferrite phase transformation. The 
embryo clusters had a disc shape with a diameter ranging from 1.5 nm to 3 nm (Fig. 
4.7b, e). The FFT from the embryo cluster region (marked as I and III in Fig. 4.7b, e) 
showed the same symmetry of reflections as those from the ferrite matrix (marked as 
II and IV in Fig. 4.7b, e). This confirmed that the embryo clusters are fully coherent 
with the ferrite matrix. However, there was no z-contrast observed in the HAADF 
images (Fig. 4.7c, f), this suggests that the embryo clusters had a similar average atomic 
number density as the ferrite matrix. Therefore, the contrast in LAADF images (Fig. 
4.7b, e) was likely caused by a small modification of the lattice parameter. This was 
possibly due to an associated strain arising from the mismatch of radii between solute 
atoms and Fe.  
As the embryo clusters grow in size during further isothermal holding, they 
transform to disc-shaped GP clusters (group 2) with a diameter of 3-6 nm (Region II in 
Fig. 4.8a). During the transformation to a GP cluster it appears that in-plane growth 
was more preferable than thickening. The GP cluster shown in region II (Fig. 4.8a) had 
a diameter of 4 nm with a thickness of five atomic layers. The corresponding FFT from 
region II contained a set of diagonal streaks (illustrated as red bands in the schematic 
picture in Fig. 4.8c). It is established, that the vertical and horizontal streaks on the FFT 
images are artefacts [153], but the inclined streaks are evidences of disc-shaped objects, 
like the GP cluster. Namely, the streaks at the (200)Fe reflections direct towards the 
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central spot and those at the (110)Fe reflections inclined to the central radius are similar 
to diffraction patterns from GP zones in Al alloys [170]. The streaks were also observed 
in SAED patterns from the random interphase precipitates with the same size range 
(Fig. 4.5b). The inclined streaks in FFT images indicate that the atoms in a GP cluster 
are slightly displaced from the perfect lattice sites of the ferrite matrix. These 
displacements are a result of lattice strains inside the GP cluster. The direction of 
streaks also demonstrates that the lattice strain lies perpendicular to the habit plane, 
which is parallel to the streak lines. Hence, the inclined streaks are confirmation of 
strong lattice strains between atomic layers in the GP cluster. This correlates with the 
strain-induced diffraction contrast in the LAADF image of the GP cluster (Fig. 4.8a). 
GP clusters are also coherent with the ferrite matrix but have larger diameter and 
stronger lattice strain that that of embryo clusters.  
As GP clusters grow further in size, they transform into nano-precipitates with a 
NaCl-structure (region III in Fig. 4.8a). The FFT image from the nano-precipitate 
showed the presence of spots, consistent with MC carbide reflections (pattern III in 
Fig. 4.8c). Carbide/ferrite interfaces, parallel to the (002)Fe habit plane are coherent 
with 4.5% misfit, possibly with a compressive strain on the carbide side and a tensile 
strain on the ferrite side. In contrast, due to a large difference in lattice spacing along 
direction perpendicular to the habit plane (i.e, d((200)MC)= 1.48d((200)α), the 
carbide/ferrite interface is incoherent along this direction. Thus, a transition zone 
surrounds the outer-region of the nano-precipitate and contains misfit dislocations, as 
shown in Fig. 4.8b. It was demonstrated [171] that defects in nanoscale particles are 
essential for interface energy reduction and their stability improvement. Similarly, the 
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misfit dislocations in the transition zone can accommodate a misfit strain, which leads 
to lowering of an interfacial energy between the nano-precipitate and the ferrite matrix.  
It was also possible to visually differentiate embryo clusters, GP clusters and 
nano-precipitates in APT reconstruction (Fig. 4.9b). However, there was no approach 
to separate them statistically and to calculate the populations of each group during the 
cluster analysis procedure. The difference in average precipitate composition of planar 
and random interphase precipitates compared to random precipitates suggests that the 
average precipitate composition changes towards the equilibrium MC composition as 
the average precipitate size increases (Fig. 4.11). A similar result has been observed in 
[16] and [148]. The number density of random interphase precipitates calculated by 
APT was higher than by TEM. This was due to contrast absence arising from embryo 
clusters in conventional TEM so that they could not be observed and counted.   
Figure 4.11 Solute fractions of C, Ti and Mo in precipitates as a function of their 
Guinier radii. 
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The particles Guinier radius distribution as a function of relative frequency for 
planar, random interphase and random precipitates is shown in Fig. 4.12. The 
distributions of planar and random interphase precipitates are overlapping with each 
other, which means there is a similarity in size between these two types of precipitation. 
The random precipitation shows a wider size distribution with the peak shifted towards 
the larger sizes (Fig. 4.12). Based on a visual analysis of the APT data, the sizes of 
random and planar interphase precipitates were in the range of GP clusters. It is 
believed that the interphase precipitation starts with clustering of solute atoms at the 
ferrite/austenite interface [17]. However, the embryo cluster formation and evolution 
of interphase GP clusters to nano-precipitates are possible after completion of the 
austenite-to-ferrite phase transformation during a further isothermal holding. 
Therefore, embryo clusters, GP clusters and nano-precipitates likely could coexist 
Figure 4.12 The lognormal distributions of Guinier radii for planar interphase
precipitation (Planar IP), random interphase precipitation (Random IP) and random
precipitation (Random). I, II and III are size ranges of embryo clusters, GP clusters and 
nano-precipitates respectively. 
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during development of all precipitate types (i.e. planar interphase, random interphase 
and random). The data plotted in Fig. 4.12 was used to correlate size of embryo, GP 
clusters and nano-precipitates to the measurements obtained by HRSTEM. It was found 
that Guinier radii size range for embryo clusters was from 0 to 1 nm, for GP clusters 
was from 1 to 1.6 nm and for nano-precipitates was larger than 1.6 nm, which correlates 
well with the HRSTEM data. 
The Guinier radii distributions showed that the population of GP clusters in the 
case of interphase precipitation (both planar and random) was higher than in the case 
of random precipitation. In contrast, the population of nano-precipitates dominates in 
the case of random precipitation. The number of embryo clusters was almost the same 
in all types of precipitation. Therefore, it can be expected that the highest contribution 




All precipitation types observed in ferritic Ti-Mo HSLA steel and their characteristics 
are summarised in Fig. 4.13. The first two types of precipitation (planar and random 
interphase in Fig. 4.13a, b) occur during the austenite-to-ferrite phase transformation 
at the moving ferrite/austenite interface. The main difference between these two types 
of precipitation is their arrangement in the ferrite. Planar interphase precipitates were 
ordered and appeared uniformly distributed within sheets with a fixed distance between 
them (Fig. 4.13a). In contrast, random interphase precipitates were observed as 
randomly distributed without any order (Fig. 4.13b). It is worth mentioning that both 
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both types of precipitation had a single variant of the B-N OR with the ferrite matrix, 
which is the key characteristic for the interphase precipitation. 
The third type of precipitation was termed “random precipitation” and appeared 
as randomly distributed precipitates within the ferrite (Fig. 4.13c). However, this type 
of precipitation had all three possible variants of the B-N OR with the ferrite matrix, 
which supports their formation after the austenite-to-ferrite phase transformation. The 
Figure 4.13 Summary of precipitation types in ferritic Ti-Mo HSLA steel: (a) Planar
interphase precipitation; (b) Random interphase precipitation; (c) Random 
precipitation. 
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process of random precipitation goes through three stages, namely: i) embryo cluster, 




1) Three types of precipitation were observed through a combination of advanced 
characterisation techniques in a Ti-Mo HSLA steel after phase transformation and 
isothermal holding at 650 °C: (i) planar interphase precipitates, (ii) random interphase 
precipitates and (iii)random precipitates. The interphase precipitates (both random and 
planar) formed during the austenite-to-ferrite phase transformation, whereas the 
random precipitates formed after phase transformation while isothermal holding at 
650 °C.  
2) The HRSTEM study revealed, that the random precipitation formation takes 
place through three stages, namely: embryo cluster, GP cluster and nano-precipitate.  
3) Sizes and compositions of GP clusters were similar to the interphase 
precipitates. It appears that by having smaller size and a larger number density 
interphase precipitation gives a greater contribution to strengthening than random 
precipitation.  
 
Even though some important scientific questions have been addressed in the 
chapter, however the question, why interphase precipitation reaction occurs only in 
some particular ferrite grains, is still unclear. The aim of the next chapter to answer 
this question. 
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As shown in the previous chapter, both planar and random interphase precipitates 
had higher number density values and smaller precipitates sizes compared to random 
precipitates. The atom probe tomography (APT) composition analysis of the samples 
with random precipitation showed the same composition compared to samples with 
interphase precipitation. Hence, the reason behind why the solutes remained in the 
matrix instead of forming precipitates and how to promote interphase precipitation to 
increase the strength of steel is still unclear. The main factors that influence the 
decomposition of austenite to ferrite containing interphase precipitation are: i) the 
orientation relationship (OR) between ferrite and prior austenite grains, and ii) 
segregation of solute elements at the ferrite/austenite interface [21, 24, 25, 111, 172]. 
The studies on the effect of OR between prior austenite and freshly formed ferrite 
grains in V-alloyed steels [24, 25] revealed that interphase precipitation took place only 
at the ferrite/austenite interfaces with non Kurdjumov-Sachs (K-S) OR. Later, Zhang 
[26] explained the interphase precipitation in the ferrite grains with non K-S OR by 
presence of the negligible partitioning local equilibrium (NPLE) condition at the 
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interface. In contrast, the K-S interfaces advanced under the paraequilibrium (PE) 
condition and did not show interphase precipitation [26]. The interrupted 
transformation test approach, where the austenite-to-ferrite transformation was 
interrupted before completion [24-26], has been used to study this hypothesis. During 
this experiment, a dual-phase microstructure was formed i.e. polygonal ferrite grains 
formed during isothermal holding in the austenite-to-ferrite transformation region with 
the remaining austenite forming martensite upon quenching [24-26]. Based on the 
orientation of martensite and utilising the back-calculation technique [173] the OR 
between the parent austenite and ferrite was determined. The nature of precipitation 
and interfaces has been studied by APT on samples, prepared by the site-specific INLO 
procedure [24, 25]. Danoix [126] using the same approach, studied interfaces with the 
K-S OR in a model Fe-Mn-C steel without interphase precipitation. The concentration 
profile across the K-S interface proved segregation of substitutional solutes at the K-S 
interface.  
Therefore, the above literature has shown a range of potential outcomes, and 
clarification of what aspects promote interphase precipitation is needed.   
In addition, the mechanism of the interphase precipitation is still under debate. 
Although there have been a lot of proposed mechanisms for the interphase precipitation 
[19, 21, 22, 83, 86], there is still a lack of supporting experimental data to prove these 
mechanisms.  
In this chapter the ferrite/austenite interfaces with different levels of deviation 
from the K-S OR will be studied at early stages of austenite-to-ferrite transformation. 
Combined microscopy techniques such as electron back-scattered diffraction (EBSD) 
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and APT will be used to unlock the conditions at the interfaces and the exact 
mechanism of interphase precipitation.    
 
5.2 Experimental procedure 
 
In this chapter the interrupted transformation test approach [25] was used to study 
the interphase precipitation during the austenite-to-ferrite transformation. The general 
aim of thermomechanical processing (TMP) was to produce a dual-phase (DP) 
structure containing polygonal ferrite grains and martensite (Fig. 5.1). The TMP 
schedule simulated by Servotest machine is represented in Fig. 5.1. The sample was 
initially reheated to 1200 °C for 180 s to dissolve pre-existing carbides. Then it was 
cooled to a temperature of 650 °C at a cooling rate of 30 °C/s. The sample was then 
isothermally held at 650 °C for 900 s to promote nucleation and growth of polygonal 
Figure 5.1 Thermomechanical processing schedule. 
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ferrite grains. The steel was then quenched to allow the rest of austenite to be 
transformed to martensite. 
The characterisation part of the current study included EBSD and APT study. 
The EBSD maps were acquired first from an area of 1000 x 1000 µm using a relatively 
large step size of 2 µm to find the ferrite grains with [001] orientation. Afterwards, a 
high-resolution EBSD map (200 x 200 µm) with step size of 100 nm was acquired from 
the area of the selected ferrite grain. The OR between ferrite and prior austenite grains 
was calculated using the back-calculation procedure with the clustering approach 
[152]. Multiple APT samples were prepared by the in-situ lift-out (INLO) technique 
from 7 ferrite grains in this study to have a reliable statistical data. Both ferrite grain 




5.3.1 Microstructure after TMP 
 
The microstructure after TMP (Fig. 5.2) shows the presence of polygonal ferrite 
grains (hereafter α) surrounded by martensite (hereafter α’(γ)). As mentioned in 
Chapter 3, the orientation of martensite packets was used to identify the orientation of 
prior austenite grains (γ). [94]. Misorientation angles between martensitic laths, which 
originate from the single parent austenite grain, are within the 10-21° and 47-60° ranges 
[112]. Therefore, it was suggested that the prior austenite grain boundaries appeared to 
belong to the 21-47° misorientation angles interval [112]. The grain boundaries with 
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misorientations in the range of 21-47° are highlighted by yellow lines on the image 
quality map (Fig. 5.2a) and could be identified as prior austenite grain boundaries.  
 
Figure 5.2 SEM EBSD maps showing microstructure of steel after interrupted 
isothermal test: (a) Image quality map. The yellow lines represent 21-47° boundaries; 
(b) Inverse pole figure map. The triangle inset shows the corresponding colour key; (c) 
Image quality combined with inverse pole figure map. 
 
Based on the information from EBSD study (Fig. 5.2), the average prior austenite 
grain size after interrupted treatment was calculated as 72±40 µm. As mentioned in 
Chapter 3, the orientation of the ferrite grain is critical for observing the interphase 
precipitation. In the current EBSD map (Fig. 5.2) only a single ferrite grain (indicated 
as α1 in Fig. 5.2c) with the [001] orientation close to the sample normal direction was 
detected and taken for detailed EBSD/APT study.      
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5.3.2 Microstructural analysis of ferrite grain 1 (α1) 
 
The high-resolution inverse pole figure superimposed by the image quality map 
of α1 and three martensite areas (α’(γ1), α’(γ2) and α’(γ3)), which belonged to three 
different austenite grains (1, 2 and 3) is presented in Fig 5.3. The prior austenite grain 
boundary position before ferrite nucleation was identified by continuing the 21-47° 
prior austenite grain boundary as indicated by the white dotted line. From the EBSD 
map it can be observed that α1 was growing in two directions towards the neighbouring 
prior austenite grains γ1 and γ2.   
 
 
Figure 5.3 Inverse pole figure superimposed by image quality map of ferrite grain α1. 
Black lines represent 21-47° boundaries. White dashed line represents the 
reconstructed prior austenite grain boundary. 
 
To confirm our observations on the EBSD map and define the exact 
misorientation between α1 and prior austenite grains, the pole figure showing the 
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orientation of martensite packets (α’(γ1) and α’(γ2)) as well as orientation of ferrite 
grain (α1) (Fig. 5.3) needs to be plotted (Fig. 5.4). The information obtained from 
experimental data was compared with calculated theoretical variant selections from 
parent austenite (γ1 and γ2), martensite (α(γ1) and α(γ2)) and ferrite (α1) (Fig. 5.4a, b).  
 
Figure 5.4 Experimental (a, b) and calculated (c, d) [001] pole figures of α’(γ1) (a, c) 
and α’(γ2) (b, d) martensite packets and α1 ferrite grain presented in «Fig. 5.3», K-S is 
Kurdjumov-Sachs. 
 
The deviation of α1 orientation from calculated γ1 was 3.7°(K-S), whereas the 
deviation of α1 from γ2 (K-S) was 15°. According to the literature [25], ferrite grains 
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that deviate less than 5° from the K-S OR belong to the K-S OR, while grains with 
deviation more than 5° belong to non K-S OR. Therefore, the OR between α1 and γ1 
was considered as K-S, whereas the OR between α1 and γ2 was assumed to be non K-
S. 
The site-specific APT samples were taken from different parts of α1, which 
exposed the K-S and non K-S ORs with adjacent prior austenite grains (Fig. 5.5) i.e. 
samples number 1 and 2 were from α1 with non K-S OR, when samples 3 and 4 are 
from the part of the ferrite grain with the K-S OR. Although the APT experiment is 
extremely complicated and can lead to a low yield, in terms of a success rate, in this 
case four needles out of six were successfully extracted and tested.  
 
Figure 5.5 SEM micrograph of APT lift-out trench. Red dashed line indicates α1/α’(γ1) 
and α1/α’(γ2) interfaces. White dotted line indicates prior austenite grain boundary. 
Numbers denote positions of prepared APT needles. 
 
Three-dimensional Ti, Mo and C atom maps of samples 1 and 2, which belonged 
to the non K-S side, showed a presence of randomly distributed TiMoC 
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clusters/precipitates (Fig. 5.6). A cluster/precipitate analysis showed the difference 
between the precipitate characteristics in sample 1 and 2. An average number of solute 
atoms in cluster/precipitate and number density in sample 2 were 110 ± 77 and 
36×1022m-3 respectively, whereas an average number of atoms and number density of 
clusters/precipitates in sample 1 were 52 ± 30 and 70×1022m-3 respectively (Fig. 5.6). 
Therefore, the clusters/precipitates, which were closer to the prior austenite grain 
boundary (sample 2) had lower number density and larger size compare to the 
clusters/precipitates closer to the interface (sample 1). However, the average 
Figure 5.6 Ti, C, Mo atom maps and Fe atom map superimposed by 2.3 at. % TiC iso-
concentration surfaces from non K-S α1/α’(γ2) region: (a) sample 1; (b) sample 2. 
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compositions of clusters/precipitates in both samples remained the same and were close 
to Ti0.44Mo0.26C0.31. All the parameters of precipitation in the non K-S side of grain 1 
are summarised in Table 5.1. 
 
Table 5.1 Precipitation parameters in non K-S side of α1 (15° deviation from the K-S 
OR) 





Ti 44 43 
Mo 25 25 
C 31 32 





Number density, ×1022m-3 36 70 
Average number of solute 
atoms in precipitate 
110 ± 77 52 ± 30 
 
In contrast, the Ti, Mo and C atom maps from the K-S side of α1 (sample 3 and 
4) did not show the presence of precipitation (Fig. 5.7). However, the existence of a 
single 3 nm embryo cluster was indicated in the 2.3 at. % TiC iso-surface (Fig. 5.7a). 
The absence of precipitation means that austenite-to-ferrite transformation occurred 
without the interphase precipitation, leaving the ferrite matrix supersaturated. 
According to Zhang [26], the austenite-to-ferrite transformation occurs without 
interphase precipitation when the ferrite grain has the K-S OR with the PE conditions. 
Since sample 4 includes the interface (Fig. 5.7b) decorated by segregating solutes, we 
undertook a study of the redistribution of solute elements across the interface (shown 
by the arrow in Fig. 5.7b). The 1D concentration profile “I” across the ferrite/austenite 
interface with the K-S OR did not show any significant segregation of substitutional 
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elements at the interface (Fig. 5.7c). This suggests that the K-S α1/α’(γ1) interface 
Figure 5.7 Ti, C, Mo, Mn atom maps and Fe atom map superimposed by 2.3% Ti-C 
isosurface from the K-S α1/α’(γ1) region: (a) sample 3; (b) sample 4; (c) 1D
concentration profile along ROI cylinder “I” in “b”; filled area around curves represents
a standard deviation. Dashed line displays total Mn concentration in sample 4. 
 5.3  Results 
114 | P a g e  
 
advanced with the PE mode. The matrix composition analysis for all four APT samples 
was also performed and is summarised in Table 5.2. The total composition in Table 5.2 
represents the composition including matrix and clusters/precipitates composition 
together. The total composition was identified based on mass spectrum analysis with a 
peak decomposition. The matrix composition is the composition of the matrix without 
solutes that participated in clusters/precipitates. The difference between the total 
composition and matrix composition is the total amount of solute atoms that were 
consumed by the clusters/precipitates (Table 5.2). 
 
Table 5.2 Matrix composition and amount of solute consumed by precipitation in α1. 
  Deviation from K-S and sample number 





Ti 0.05 0.06 0.05 0.05 
Mo 0.11 0.12 0.16 0.18 
C 0.12 0.13 0.06 0.27 
Mn 1.42 1.41 1.38 1.44 
Matrix, at. % 
Ti 0 0.02 0.05 0.05 
Mo 0.09 0.1 0.16 0.18 
C 0.09 0.09 0.06 0.27 
Precipitates, 
at. % 
Ti 0.05 0.04 0 0 
Mo 0.02 0.02 0 0 
C 0.03 0.04 0 0 
 
The total Mn and Ti concentrations were almost the same throughout of α1. 
However, the Mo content was higher on the K-S side of α1. The K-S side was saturated 
by C only near the ferrite/austenite interface (sample 4). It should be mentioned that 
almost all Ti was consumed by interphase precipitates in the non K-S side (samples 1 
and 2), whereas significant C and Mo (0.1 at. %) remained in the matrix. 
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5.3.3 Microstructural analysis of ferrite grain 2 (α2) 
 
To acquire more evidence for the phenomenon observed in ferrite grain α1, more 
ferrite grains were analysed regarding effect of the OR and interfacial conditions on 
the interphase precipitation. Another ferrite grain, which was transformed from two 
adjacent prior austenite grains γ4 and γ5 is shown in Fig. 5.8a. The ferrite grain α2 
Figure 5.8 Inverse pole figure superimposed by image quality map of ferrite grain α2. 
White dotted lines indicate prior austenite grain boundaries. Circles “1, 2 and 3”
represent positions of extracted APT samples; (b, c) Experimental and calculated [001]
pole figures of α2, α’(γ4) and γ4; (d, e) Experimental and calculated [001] pole figures
of α2, α’(γ5) and γ5. 
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nucleated at the prior austenite grain boundary between γ4 and γ5, the position of this 
boundary was indicated by the white dotted line in Fig. 5.8a.  Experimental and 
calculated pole figures (Fig. 5.8b-d) represent the orientations of parent austenite (γ4 
and γ5), martensite (α’(γ4) and α’(γ5)) and ferrite (α2), which are shown in the inverse 
pole figure map (Fig. 5.8a). The deviation angle from the K-S OR between α2 ferrite 
and γ4 prior austenite was 9.3°, which is considered as non K-S (Fig. 5.8b, c). The α2 
deviated from calculated γ5 K-S OR variants only by 5.7°. Although the APT needles 
were extracted from both sides of α2 ferrite grain, only 3 needles (samples 1, 2 and 3 in 
Fig. 5.8a) from part of α2 with non K-S OR were successful for APT examination. Atom 
maps superimposed by 2.3 at. % TiC iso-surfaces (Fig. 5.9) have shown interphase 
precipitates in all APT samples extracted from the α2/α’(γ4) side of α2. 
Figure 5.9 Ti, Mo, C ion maps superimposed by 2.3 at. % TiC iso-surfaces with 2D 
Fe density maps of APT samples from regions, outlined by circles in “Fig 5.8a”. Black 
dashed lines indicate crystallographic ferrite planes parallel to precipitation sheets. 
Black dotted lines on 2D Fe density maps represent the (100)Fe plane trace. 
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APT reconstruction maps in Fig. 5.9 were rotated to reveal the interphase 
precipitation planes (indicated as dashed lines in Fig. 5.9). 2D Fe density maps in Fig. 
5.9 show the crystallographic orientation of the APT samples. The indexed (100)Fe 
plane traces on  2D Fe density maps represent the orientation of APT samples relative 
to each other. The interphase precipitates form at the moving ferrite/austenite interface 
and, therefore, the planes of precipitates are perpendicular to the interface movement 
direction (indicated by arrows in Fig. 5.9).  
The precipitation parameters are summarised in Table 5.3. The number density 
of interphase precipitates in sample 3 was significantly lower compared to the number 
density of interphase precipitates in samples 1 and 2. In contrast, the average number 
of solute atoms in the interphase precipitates in sample 3 was larger compared to 
samples 1 and 2.  
 
Table 5.3 Precipitation parameters in the non K-S side of α2 with 9.3° deviation from 
the K-S OR 
 
Sample number 





Ti 47 51 54 
Mo 24 17 16 
C 29 32 30 









64 70 7 
Average number of 
solute atoms in 
precipitate 
55 ± 29 98 ± 57 211 ± 121 
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It is worth mentioning that the average Mo content of the interphase precipitates 
in samples 2 and 3 was lower (~17 %) than in sample 1 (~24 %). As could be seen from 
Table 5.3, the difference in Mo content was balanced by Ti, whereas the C content was 
nearly the same.  
Similar to α1 grain, almost all available Ti was consumed by precipitates from 
the matrix and only up to 0.04 and 0.09 at. % of Mo and C, correspondingly (Table 
5.4). Interphase precipitates in sample 2 consumed twice the amount of solute atoms 
compared to interphase precipitates in sample 1, maintaining the same number density. 
This correlated well with the average size of precipitates, which was two times larger 
(Table 5.3). 
 
Table 5.4 Matrix composition and amount of solute consumed by precipitation in the 
non K-S side of α2 with 9.3° deviation from the K-S OR 
  Sample number 
Composition  1 2 3 
Total: matrix and 
precipitates, at. % 
Ti 0.06 0.09 0.04 
Mo 0.12 0.16 0.12 
C 0.13 0.2 0.1 
Mn 1.48 1.53 1.48 
Matrix, at. % 
Ti 0.01 0 0.02 
Mo 0.1 0.12 0.12 
C 0.1 0.11 0.08 
Precipitates, at. % 
Ti 0.05 0.09 0.02 
Mo 0.02 0.04 0 
C 0.03 0.09 0.02 
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5.3.4 Microstructural analysis of ferrite grain 3 (α3) 
 
The position of grain 3 (hereafter α3) and surrounding martensite areas are shown 
in the EBSD inverse pole figure map (Fig. 5.10a). Experimental and calculated pole 
figures (Fig. 5.10b-e) represent the orientations of prior austenite grains (γ6, γ7, γ8 and 
γ9), corresponding martensite areas (α’(γ6), α’(γ7) α’(γ8) and α’(γ9)) and ferrite (α3), 
Figure 5.10 (a) Inverse pole figure superimposed by image quality map of ferrite grain 
α3. The triangle inset represents colour key; (b-e) Experimental and calculated (K-S) 
[001] pole figures of: (b) α3 and α’(γ6); (c) α3 and α’(γ7); (d) α3 and α’(γ8); (e) α3 and 
α’(γ9). 
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which are shown in the inverse pole figure map (Fig. 5.10a). The deviations from the 
K-S OR between α3 and surrounding prior austenite grains (γ6, γ7, γ8 and γ9) were larger 
than 17°. The absence of parent austenite, which is close to the K-S OR with α3 within 
the sectioning plane could mean that α3 was nucleated on the bottom or top of a 
sectioning plane (Fig. 5.10).  
However, as shown in Fig. 5.10, α3 grew into the γ6 prior austenite and is 
surrounded by prior austenite grain boundaries. Therefore, the APT samples were 
prepared from the interface between α3 and α’(γ6) and from the grain interior marked 
by dashed boxes in Fig. 5.10. The APT analysis right from the interface (sample 1) 
showed interphase precipitate formation near the interface between α3 and α’(γ6) (Fig. 
5.11a). The position of the interface is highlighted by C, Mn, Ti and Mo segregation in 
Fig. 5.11a. Since the interface was highlighted by segregated elements, it was possible 
to analyse the interface more precisely. As shown in Fig. 5.11a, the transformation 
interface had two terraces separated by a ledge, similar to TEM observations reported 
by others [19]. To clearly resolve the ledge profile, a cubic region of interest (ROI) was 
extracted from the ledge profile and a Mn iso-concentration surface was applied (Fig. 
5.11d). The measured height of the ledge riser from the selected box was 5 nm. A ROI 
cylinder was extracted from the top terrace of the ledge and a 2D MnC density map 
was created in the direction normal to the interface (Fig. 5.11b). The red and yellow 
regions represent a higher density of Mn and C atoms and, therefore, from this shape 
of the ledge in the normal direction was revealed. It was observed that the ledge 
contained a kink (Fig. 5.11b), which probably advanced laterally parallel to the ledge 
riser (white arrow outlines direction). The lateral dimension of this kink was 5 nm. 
Nucleation of interphase precipitates at the interface also was observed in the TiC iso-
5 Effect of crystallographic OR and interface characteristics on interphase precipitation 
 
121 | P a g e  
 
surface (Fig. 5.11a) and 2D density map (red regions in Fig. 5.11b). The interphase 
precipitation in sample 1 had a random distribution.  
Figure 5.11 Ledge observation at the α3/α’(γ6) interface: (a) Ti, Mn, C, Mo atom map
superimposed by 3 at. % TiC iso-surface; (b) 2D MnC density map from the top terrace
of ledge; (c) 1D concentration profile along “z” direction of ROI cylinder “I” in “a”.
The filled area around the curves represents a standard deviation. Dashed line indicates
total Mn concentration in the sample; (d) Mn iso-surface indicating ledge profile. 
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The 1D concentration profile across the α3/α’(γ6) interface confirmed 
segregations of Ti, Mn and C at the interface, whereas segregation of Mo was negligible 
(Fig. 5.11c). The segregations of substitutional elements (Ti, Mn and Mo) at the 
interface demonstrated the presence of NPLE conditions, which existed at the α3/α’(γ6), 
non K-S interface. The ferrite α3 side was slightly enriched with C and Ti compared to 
the martensite α’(γ6) (Fig. 5.11c).  
Figure 5.12 Fe atom maps superimposed by 2.3 at. % TiC iso-surface of APT samples 
from α3 grain interior and interface: sample 2 from the interface; samples 3, 4, and 5 
are samples from the grain interior in “Fig. 5.10a”. 
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Precipitates were observed in all APT samples (Fig. 5.12) from the α3 grain 
interior (samples 3,4 and 5) and near the interface (sample 2). The precipitates showed 
a planar sheet distribution in sample 3 (Fig. 5.12), which is a distinctive characteristic 
of planar interphase precipitates. In contrast, the precipitates in samples 2, 4 and 5 (Fig. 
5.12) had a random distribution. The precipitate distribution was not uniform in all 
APT datasets leaving precipitation-free zones (Fig. 5.12). The precipitation parameters 
from the interface and the interior are summarised in Table 5.5. 
 
Table 5.5 Precipitation parameters near the interface and in the grain interior of α3 
 
interface interior 





Ti 42 42 34 48 
Mo 23 27 31 26 
C 35 31 35 26 
Guinier radius, nm 2±0.7 1.4±0.3 1.4±0.4 1.6±0.5 
Number density, 
×1022m-3 
11 70 70 49 
Average number 
of solute atoms in 
precipitate 
372±270 54 52 92±7 
 
From the cluster/precipitate analysis in Table 5.5, there is a wide variation in 
precipitation parameters (size, number density and composition) throughout the α3 
ferrite grain. Larger sizes and lower number densities appeared both near the interface 
and in the grain interior. The matrix composition analysis of α3 is summarised in Table 
5.6. The total concentration of solute elements was uniform, and all of the available Ti 
was consumed by the precipitates, whereas a significant amount of C and Mo remained 
in the matrix. 
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Table 5.6 Matrix composition and amount of solute consumed by precipitation in α3 
  Interface Interior 
Composition  1 2 3 4 5 
Total: matrix and 
precipitates, at. % 
Ti 0.09 0.06 0.06 0.04 0.06 
Mo 0.11 0.15 0.15 0.16 0.15 
C 0.15 0.11 0.17 0.24 0.17 
Mn 1.47 1.43 1.53 1.55 1.53 
Matrix, at. % 
Ti N/A 0.01 0 0.01 0 
Mo N/A 0.13 0.12 0.13 0.12 
C N/A 0.08 0.12 0.19 0.12 
Precipitates, at. % 
Ti N/A 0.05 0.06 0.03 0.06 
Mo N/A 0.02 0.03 0.03 0.03 
C N/A 0.03 0.05 0.05 0.05 
 
 
5.3.5 Microstructural analysis of ferrite grain 4 (α4) 
 
The position of grain 4 (hereafter α4) and surrounding martensite area α(γ10) are 
shown in the EBSD inverse pole figure map (Fig. 5.13a). There was a 14.3° deviation 
from the K-S OR between α4 and prior austenite grain γ10 (Fig. 5.13a). APT samples 
were prepared from both the α4/α(γ10) interface (sample 1) and α4 interior (sample 2), 
as shown in Fig. 5.13b. The TiC iso-surface applied to the sample 1 APT reconstruction 
showed the absence of precipitation in the vicinity of the α4/α(γ10) interface (Fig. 
5.13c). However, interphase precipitates were observed directly at the interface 
(marked by arrows in Fig. 5.13c). The concentration profile along the interface showed 
only segregation of C and Ti at the interface, whereas no segregation of Mn and Mo 
was observed (Fig. 5.13f). The Ti enrichment at the interface (Fig. 5.13d) in the current 
case was a result of peak overlap at 24 Da between Ti2+ and C2+ as discussed in Chapter 
3. Fig. 5.13d and Fig. 5.13e represent Ti ion maps of sample 1 including and excluding 
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the peak at 24 Da from the mass spectrum. It is clearly seen that the segregation of Ti 
along the interface disappeared when the contribution of the 24 Da peak had been 
Figure 5.13 Interphase precipitation in grain α4: (a) Inverse pole figure map
superimposed by image quality map of α4. The triangle inset represents the colour key;
(b) SEM micrograph of α4 APT lift-out trench; (c) Ti, C, Mn ion map superimposed by 
2.3 at. % TiC iso-surface from α4/α’(γ10) interface (sample 1). Arrows indicate positions
of interphase precipitates; (d) Ti ion map including peak at 24 Da; (e) Ti ion map
excluding peak at 24 Da; (f) 1D concentration profile along “z” direction of ROI 
cylinder “I” in “d”. The filled area around the curves represents standard deviations.
The dashed line indicates total Mn concentration in the sample. 
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eliminated (Fig. 5.13e). Therefore, as there was no segregation of substitutional 
elements such as Ti, Mn and Mo on interface in the current case, the conditions at the 
interface were defined as PE. However, the analysis of the α1 grain (Fig. 5.7) revealed 
the absence of precipitates at the interfaces with a similar interface condition (PE). 
Therefore, it is suggested that probably a different mechanism of interphase 
precipitation operated in the current case. The decoration of the interface by 
segregation of alloying elements enabled observation of the curvature of the interface 
(Fig. 5.13c) i.e. this interface was not planar. The interphase precipitate nucleated and 
grew at the ferrite side of the α4/α’(γ10) interface (Fig. 5.13c). The curvature of the 
interface can be explained by pinning of the interface by the precipitate [21]. In order 
to visualise a profile of the interface, the APT reconstruction was sectioned by ROI 
planes parallel to the z-axis (Fig. 5.14a). 2D TiC concentration maps of the ROI planes 
confirmed interface pinning and bowing near the interphase precipitate (sections 2 and 
3 in Fig. 14b). This APT observation is similar to the observation of the bowing 
mechanism by TEM in Cr-alloyed steels [21]. Moreover, the interface line between 
two precipitates in section 3 (Fig. 5.14b) was depleted in C as a result of the 
consumption of C by growing interphase precipitates.  
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Figure 5.14 2D sections of α4/α’(γ10) interface: (a) 2D Fe density map perpendicular 
to z-axis; (b) 2D TiC concentration maps along sections parallel to z-axis. Numbers 
correspond to sectioning planes in “a”. White arrows indicate the interface bowing near 
the interface bowing near the interphase precipitate. 
 
The APT reconstruction of the α4 grain interior (sample 2) (Fig. 5.15) showed 
low and high-density precipitation zones. The average number density and Guinier 
radius of precipitates were calculated to be 70 x 1022m-3 and 1.4 ± 0.5 nm, respectively. 
The average precipitate composition in the α4 grain interior was Ti0.45Mo0.25C0.3 and no 
significant difference in the total composition between the interface and the grain 
interior precipitates was observed. 
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Figure 5.15 Fe ion map superimposed by 2.3 at. % TiC iso-surface of APT sample 
from α4 grain interior. 
 
 
5.3.6 Microstructural analysis of ferrite grain 5 (α5) 
 
Grain 5 (hereafter α5) and the surrounding martensite areas α’(γ11) are shown in 
the EBSD inverse pole figure map (Fig. 5.16a). The experimental pole figure, which 
represents the orientations of prior austenite grain γ11, corresponding martensite area 
α’(γ11) and ferrite (α5) is shown in Fig. 5.16b. The martensite area α’(γ11), which 
transformed from prior austenite γ11 (Fig. 5.16a) had only 5 OR variants in the current 
sectioning plane. This number of OR variants was not enough to restore the γ11 
orientation and calculate the deviation of α5 orientation from the K-S OR. However, 
from the pole figure (Fig. 5.16b) it can be observed that the α5 ferrite grain orientation 
was near or belonged to α’(γ11) OR variant clusters. Therefore, γ11 prior austenite was 
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Figure 5.16 (a) Image quality map superimposed by inverse pole figure map of α5 
ferrite grain. The triangle inset represents the corresponding colour key; (b) 
Experimental [001] pole figure of α5 and α’(γ11). 
 
The APT sample was extracted from the interface, as indicated by the arrow in 
Fig. 5.16. The APT atom map showed the absence of precipitation in the vicinity of the 
α5/α’(γ11) interface (Fig. 5.17a). A ROI cylinder was placed across the interface and a 
1D concentration profile was plotted along the “z” direction. The concentration profile 
across the interface indicated segregation of C and Ti. Again, similar to grain α4, the Ti 
segregation was the consequence of C and Ti mass spectrum peak overlapping at 24 
Da. The absence of Ti, Mn and Mo segregations suggests the PE condition at the 
α5/α’(γ11) interface (Fig. 5.17b). 
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Figure 5.17 (a) C, Mn, Ti and Mo ion maps from α5/α’(γ11) interface without interphase 
precipitation; (b) Concentration profile across the interface along line “I” on “a” with 
24 Da mass spectrum peak assigned as Ti2+; (c) Concentration profile across the 
interface along line “I” on “a” with 24 Da mass spectrum peak assigned as C2+. The 
filled area around the curves represents a standard deviation. Dashed lines indicate total 
Mn concentration in the sample. 
 
5.3.7 Microstructural analysis of ferrite grains 6 and 7 (α6, α7) 
 
The positions of grains 6 and 7 (hereafter α6 and α7 correspondingly) and 
surrounding martensite area α’(γ12) are shown in the EBSD inverse pole figure map 
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(Fig. 5.18a). Calculated pole figures in Fig. 5.18c and Fig. 5.18d represent the 
orientations of α6 and α7 with respect to the prior austenite grain γ12 and corresponding 
martensite area α’(γ12), which are shown in the inverse pole figure map (Fig. 5.18a). 
Ferrite grains α6 and α7 demonstrated 3° and 4° deviation from the K-S OR with prior 
austenite γ12 accordingly (Fig. 5.18c, d). 
Figure 5.18 (a) Image quality superimposed by inverse pole figure map in vicinity of
α6 and α7 ferrite grain. The triangle inset represents the corresponding colour key; (b)
Magnified region “I” in “a”. The arrows indicate positions of APT samples; (c) 
Calculated [001] pole figure of α7 and α’(γ12). 
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Interestingly, ferrite grains α6 and α7 were situated in the middle of the γ12 parent 
prior-austenite grain, meaning that they could be intragranularly nucleated. However, 
the scenario of nucleation at a prior austenite grain boundary either above or below of 
the sectioning plane is also possible. 
The APT samples were lifted-out from both the interface and grain interiors. Two 
samples (1 and 2) were extracted from the α6/α’(γ12) interface (Fig. 5.18b). APT 
samples 3 and 4 were extracted from the α6 grain interior, while sample 5 was lifted-
out from the α7 grain interior. Ti, C, Mn ion maps superimposed by 2.3 at. % TiC iso-
surface from α6/α’(γ12) interface are shown in Fig. 5.19. The APT samples 1 and 2 from 
the α6/α’(γ12) interface showed different results. As seen from Fig. 5.19, interphase 
precipitation was observed in the APT reconstruction of sample 1, whereas there was 
no interphase precipitation observed in sample 2.  
1D concentration profiles were plotted along ROI cylinders positioned across the 
interfaces (Fig, 5.19a, b). The substitutional elements (Ti, Mn and Mo) segregated 
along the interface in sample 1, which confirmed the NPLE interface condition (Fig. 
5.19a, c). In contrast, there was no segregation of substitutional alloying elements 
observed across the interface of sample 2 i.e. the interface demonstrated PE conditions 
during the austenite-to-ferrite transformation (Fig. 5.19b, d). 
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APT study of α6 and α7 grain interiors also showed the presence of interphase 
precipitation (Fig. 5.20). A planar distribution of the interphase precipitates was 
observed in samples 4 and 5 from ferrite grains α6 and α7 respectively. 
The interphase precipitates in sample 3 from ferrite grain α6 demonstrated a 
random distribution of precipitates (Fig. 5.20). The precipitate parameters are 
Figure 5.19 (a, b) Ti, C, Mn atom maps superimposed by 2.3 at. % TiC iso-surface 
from α6/α’(γ12) interface: (a) sample 1; (b) sample 2; (c) Concentration profile across 
the interface along the “z” direction of ROI cylinder “I” in “a”; (d) Concentration 
profile across the interface along the “z” direction of ROI cylinder “II” in “b”. The 
filled area around the curves represents a standard deviation. Dashed lines indicate total 
Mn concentration in the sample. 
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summarised in Table 5.7. The average Guinier radius and compositions did not change 
from sample to sample. However, the number density was significantly lower at the 
interface in sample 1.  
  
Figure 5.20 Fe ion maps superimposed by 2.3 at. % TiC iso-surface of APT samples 
from grain interiors of α6 and α7. Sample “3 and 4” from the α6 grain interior in “Fig. 
5.18b”. Sample “5” from the α7 grain interior in “Fig. 5.18b”. Dashed lines indicate 
planar interphase precipitation planes. 
 
 
5 Effect of crystallographic OR and interface characteristics on interphase precipitation 
 
135 | P a g e  
 
Table 5.7 Precipitation parameters in the grain interiors of α6 and α7 
 
interface interior 





Ti 45 N/A 46 42 46 
Mo 26 N/A 28 28 27 
C 29 N/A 26 30 27 
Guinier radius, nm 1.35±0.9 N/A 1.27±0.32 1.32±0.3 1.31±0.28 
Number density, 
×1022m-3 
43 N/A 77 86 100 
Average number 
of solute atoms in 
precipitate 
100±50 N/A 60±35 60±40 44±21 
 
The matrix composition analysis of α6 and α7 is summarised in Table 5.8. As in 
previous cases all available Ti was consumed by the precipitates. A significant C 
consumption was observed in sample 4 compared to other datasets. The calculated 
composition from the total amount of consumed alloying elements in sample 4 was 
near to MC composition, where M stands for the combined Ti and Mo. Sample 2, where 
interphase precipitates did not form showed C supersaturation about 0.35 at. %. 
 
Table 5.8 Matrix composition and amount of solute consumed by precipitation in α6 
and α7 
  Interface Interior 
Composition  1 2 3 4 5 
Total: matrix and 
precipitates, at. % 
Ti 0.06 0.06 0.07 0.07 0.07 
Mo 0.16 0.12 0.13 0.13 0.08 
C 0.23 0.35 0.17 0.19 0.17 
Mn 1.55 1.56 1.51 1.5 1.53 
Matrix, at. % 
Ti 0.01 0.06 0.01 0 0.01 
Mo 0.13 0.12 0.10 0.04 0.05 
C 0.19 0.35 0.13 0.03 0.14 
Precipitates, at. % 
Ti 0.05 0 0.06 0.07 0.06 
Mo 0.03 0 0.03 0.09 0.03 
C 0.04 0 0.04 0.16 0.03 
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5.4 Discussion  
 
5.4.1 The effect of OR between ferrite and prior austenite on the interphase 
precipitation 
 
An extensive experimental program based on the complex correlative approach 
has not confirmed the importance of OR between prior austenite and ferrite grains on 
the interphase precipitation. In other words, the macroscopic OR between prior 
austenite and ferrite grains had no influence on the interphase precipitation formed 
during isothermal austenite-to-ferrite transformation in the current work (Table 5.9).  
 




Deviation from the K-S (°) Precipitation type 
α1 3.7 (near the K-S) No precipitation/random 
α1 15(non K-S) Random interphase 
α2 9.3(non K-S) Planar interphase 
α3 17(non K-S) Random interphase/Planar interphase 
α4 14,3(non K-S) 
No precipitation/low-density random 
interphase 
α5 near the K-S No precipitation 
α6 3 (near the K-S) 
No precipitation/random interphase/planar 
interphase 
α7 4 (near the K-S) Planar interphase 
 
As demonstrated in Table 5.9, the interphase precipitates were directly observed 
in ferrite grains, which had both near K-S and non K-S ORs with prior-austenite grains. 
This does not support the theory proposed by Miyamoto [25] and Zhang [24] that 
interphase precipitation does not take place at the interfaces between ferrite and prior 
5 Effect of crystallographic OR and interface characteristics on interphase precipitation 
 
137 | P a g e  
 
austenite grains with a K-S OR. However, the direct correlation between OR and 
interphase precipitation was potentially attributed to the formation of ferrite with 
different morphology such as Widmanstatten morphology. The Widmanstatten ferrite 
transforms at high rates under PE conditions [174]. Therefore, there was no time and 
sufficient diffusion for interphase precipitation. In later research Zhang [26] confirmed 
the importance of the interface condition (PE, NPLE) for the interphase precipitation 
and highlighted the combined effect of both interfacial conditions i.e. OR and interface 
characteristics on interphase precipitation.  
 
5.4.2 The effect of interfacial conditions on the interphase precipitation 
 
In the current work, the interphase precipitation was observed only at the 
interfaces, segregated by substitutional solutes i.e. NPLE conditions. Therefore, it was 
suggested that the interphase precipitation is mainly affected by the local interfacial 
condition i.e. segregation or depletion of alloying elements at the interface rather than 
the OR between austenite and ferrite grains. This correlates well with Zhang [26] 
however, in our study, NPLE and PE conditions were observed in both K-S and non 
K-S grains. The NPLE interfaces were segregated by Ti, Mn, Mo and C. Previous work 
[130, 132] has shown that Mo has a strong segregation ability and sharp concentration 
peaks at ferrite/austenite interfaces. However, in current work Mo segregation under 
NPLE condition was negligible (Figs. 5.11c and 5.19d). It appeared to be due to the 
participation of Mo in the precipitation process rather than in the transformation event. 
It appears that the segregation of substitutional elements at the interface retards 
the interface movement, as a result, there is enough time and sufficient diffusion flux 
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of solutes for interphase precipitation to occur (Figs. 5.11a and 5.19a). The solute drag 
effect [59] should also be considered, as segregation of alloying elements can 
significantly lower the interface energy. It is believed [117], that segregation can occur 
on misfit dislocations attached to the interface, which then decreases the interface 
energy. The segregation of solute atoms is also strongly dependent on the coherency 
and energy of interfaces. A number of studies [118, 119] revealed, that poor matching, 
high-energy interfaces were more sensitive to solutes segregation than more coherent, 
low-energy interfaces.  
As is well known, there are three types of interface could be formed during 
austenite-to-ferrite transformation; namely coherent, semi-coherent and incoherent. 
The local interfacial energy varies depending on the type of interface. It is important to 
highlight that the APT samples taken from the same interface but from different areas 
on this interface showed different PE and NPLE, interfacial conditions (Fig. 5.19). 
However, the interphase precipitates were not observed near the interface, which 
advanced in PE mode (Fig. 5.19b). Although samples 1 (NPLE) and 2 (PE) (Fig. 5.19) 
were lifted out as a single block from α6/α’(γ12) interface, which appeared 
macroscopically planar on EBSD map (Fig. 5.18b), the interfaces were inclined 
differently in samples 1 and 2.  This means that these ferrite/austenite interfaces locally 
could have different degrees of coherency and energies. In addition, interphase 
precipitation-free zones (Fig. 5.12 and 5.15) were observed in several APT maps. This 
could be attributed to the local changes in interfacial conditions from NPLE to PE.  
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5.4.3 The mechanism selection for the interphase precipitation 
 
The ledge mechanism [19] is generally suggested for planar interphase 
precipitation with a fixed distance between precipitate planes. The distance between 
planes has been proposed to be equal to the ledge height [99]. However, in the current 
work, interphase precipitates with random distribution were also observed at the 
interface, which advanced in NPLE mode by ledges with 5 nm height (Fig. 5.11). The 
average distance between the precipitate planes for this TMP condition were 10~20 nm 
(Fig. 5.20). Therefore, the ledge height was less than minimum of the sheet spacing of 
the planar interphase precipitates of 10 nm. At this condition interphase precipitates 
formed by the ledge mechanism appeared as randomly distributed. Nevertheless, the 
decrease in the ledge height and transition from planar to random distribution have not 
led to a cluster/precipitate number density increase (Fig. 5.11).  
As mentioned earlier, the interphase precipitation was not observed when 
interfaces advanced under PE conditions (Figs. 5.7b 5.13c, 5.17a and 5.19b). Only a 
few interphase precipitates formed at the interface were detected for this interface 
condition (Fig. 5.13c). Since pinning of the interface by the precipitate and interface 
bowing was clearly shown in the atom map, the bowing mechanism likely operated for 
this interface condition (Fig. 5.13). The bowing of ferrite/austenite interfaces was also 
observed in a Cr-alloyed steel [21] and the corresponding bowing mechanism was 
proposed for the random interphase precipitation observed. In the bowing mechanism, 
freshly formed interphase precipitates pin the interface and the high driving force 
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makes interface bulge between the precipitates and move to the next nucleation site 
[21]. 
 
5.4.4 Size distributions of precipitates 
 
The lognormal distributions of precipitates discovered by the maximum 
separation method are shown in Fig. 5.21. The size of cluster/precipitate was analysed 
as a function of relative density of precipitates for all APT data sets with different 
interfacial conditions. We correlated the size of the cluster/precipitate obtained by APT 
with the size observed for emryo cluster, GP cluster and nano-precipitates by HRSTEM 
in Chapter 4. It can be clearly seen that most of clusters/precipitates have a sharp 
lognormal peak in the size range of GP clusters (as proposed in Chapter 4).  
 
Figure 5.21 Guinier radius distributions of precipitates from all datasets. I - size region 
of embryo cluster, II - size region of GP cluster, III – size region of nano-precipitate. 
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However, some APT datasets demonstrated wider precipitate-size distributions 
and a shift in the peak towards the nano-precipitates size range (“III” in Fig 5.21). As 
proposed in Chapter 4, this is an indication of random precipitate formation from 
supersaturated ferrite matrix. However, sample 2 in α3 was close to the α3/α’(γ6) 
interface and these precipitates were considered as random interphase precipitates. The 
precipitates with larger sizes also could be formed by the bowing mechanism, as shown 
in Fig. 5.12. The sample 3 in α2 also showed a similar maximum peak value, but with 
a sharper distribution. This was due to lower number density of precipitates observed 
in the APT datasets (Fig. 5.9c). From the above size distributions, no correlation was 
observed between size and number density with ferrite grain orientation (Fig. 5.21). 
Also, it was observed in α3 that embryo clusters just started to form from solid solution 
in the sample without interphase precipitates (Fig. 5.7a).  
The interphase precipitates in all APT samples consumed almost all available Ti 
from the matrix, whereas significant amounts of C and Mo remained in the ferrite 
matrix (Tables 5.2, 5.4, 5.6 and 5.8). The total Mo content in APT samples varied 
(Tables 5.2, 5.4, 5.6 and 5.8), which is most likely a result of composition 
inhomogeneity throughout the prior austenite microstructure. The inhomogeneity in 




To summarise the discussion above, a schematic diagram of precipitation paths 
is represented in Fig. 5.22. As seen from the diagram, the interphase precipitations are 
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developed under NPLE conditions via the ledge mechanism. The austenite-to-ferrite 
transformation under PE conditions supresses interphase precipitation (Fig. 5.22). 
However, low number density interphase precipitation could form under PE conditions 
via the bowing mechanism. The random precipitation (as discussed in Chapter 4) 
Figure 5.22 Schematic graph of interphase precipitations and random precipitation 
paths in Ti-Mo HSLA steel. 
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occurs in interphase precipitation-free ferrite after the austenite-to-ferrite 
transformation under the PE mode (Fig. 5.22) via cluster-to-precipitate mechanism. 
 
 
5.5  Conclusions 
 
1) The interphase precipitation was observed in ferrite grains with both K-S and 
non K-S OR with the prior austenite grains. 
2) The interphase precipitation reaction was influenced by the ferrite/austenite 
interface characteristics: random interphase precipitation occurred at interfaces, which 
transformed under NPLE conditions via ledge mechanism. In contrast, interphase 
precipitation, with a very low number density formed at interfaces, which transformed 
under PE conditions via bowing mechanism. 
3) Number density, precipitate size and composition were very irregular even 
within the same ferrite grain. 
4) Matrix composition analysis showed that significant amounts of C and Mo 
remained in the ferrite matrix after interphase precipitation, whereas almost all Ti was 
consumed by the precipitates. Therefore, to promote precipitation additional Ti should 
be added to the steel composition. Due to low Mo consumption by precipitates, the 
excess Mo can be removed from the steel composition. 
 
  
 6.1  Introduction 









In the Chapter 4 it was found that the ultimate tensile strength (UTS) of the 
current Ti-Mo alloyed steel is 700 MPa, which is already higher than commercial 
ferritic steels. The UTS can be further improved by application of deformation in the 
non-recrystallized austenite region [30]. The deformation in the non-recrystalised 
austenite region not only increases the strength of steels due to the grain refinement but 
also can potentially increase the number density of interphase precipitates. There have 
been some attempts to further enhance the mechanical properties of Ti-Mo steels 
through increasing the number density of precipitates via controlling the rate of the 
austenite-to-ferrite phase transformation [16, 24]. The deformation applied in the 
austenite region can accelerate the rate of austenite-to-ferrite transformation, altering 
the size of precipitates and the spacing between precipitates rows [16, 23, 78, 79, 85, 
148].  
It has also been found [16, 23, 28, 85] that an increase in deformation can change 
the precipitation kinetics from planar sheet to random. Despite previous work on the 
role of deformation on interphase precipitation, it is not clear yet to what extent an 
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increase in the hot deformation can alter the interphase precipitation characteristics 
(i.e., size and sheet spacing, composition and distribution).  
The aim of this chapter is to investigate the role of austenite hot deformation in 
the non-recrystallization region on the characteristics of interphase precipitation 
formed during isothermal austenite-to-ferrite transformation. The microstructure was 
studied in detail using advanced characterization techniques, namely electron back-
scattered diffraction (EBSD), transmission electron microscopy (TEM) along with 
atom probe tomography (APT). The precipitates were characterised based on their size, 




The steel composition and thermomechanical processing (TMP) sample 
preparation procedure were discussed in the Chapter 3. The TMP schedule was 
simulated by the Servotest machine, as shown in Fig. 6.1. The cylindrical samples were 
initially reheated to 1200 oC for 180 s to dissolve pre-existing precipitates. They were 
then cooled to a temperature of 890 oC at a cooling rate of 10 oC/s and held for 10 s 
before applying the deformation. The samples were subjected to hot compression to 
different strain levels of 0, 0.3, 0.6 and 1 at a strain rate of 1 s-1, followed by rapid 
cooling at 30 oC/s to 650 oC. The deformation temperature of 890 oC was well below 
the non-recrystallization temperature (Tnr) of the current steel composition (i.e., ~ 
930 oC [175]). The samples were then isothermally held at 650 oC for 60 min to form a 
fully ferritic microstructure, followed by water quenching (Fig. 6.1). The temperature 
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of 650 oC was chosen to be the optimum temperature that allows sufficient precipitate 
formation during the austenite-to-ferrite transformation, as previously reported [16]. 
The isothermal time of 60 min corresponded to the completion of the austenite to ferrite 
transformation in a similar steel for a strain free condition [16]. 
 
Figure 6.1 Thermomechanical processing schedule. 
 
The current study included microstructure examination using EBSD, TEM and 
APT. The samples after TMP were initially cut along z-axis of the cylindrical sample. 
The EBSD maps were acquired first from an area of 400 x 400 µm using a 0.25 µm 
step size (Chapter 3). Conventional TEM was conducted on 2 electropolished foils 
from each TMP condition (Chapter 3). The APT samples were prepared by the 
electropolishing procedure also described in Chapter 3.  
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6.3  Results  
 
6.3.1 Hot-deformation in the austenite non-recrystallization region 
 
The austenitisation of the steel at 1200 °C for 180 s resulted in a prior austenite 
grain size of 72±40 µm (Chapter 5). The specimens subjected to hot compression at 
890 °C revealed a consistent true strain-true stress behaviour at different strain levels 
(Fig. 6.2).  
 
Figure 6.2 True stress-true strain curves after hot-compression tests at different strain 
levels. 
 
The flow curves closely overlapped and showed a progressive work-hardening 
to the peak stress beyond which the true stress remained approximately constant with 
the strain. The absence of the flow softening beyond the peak stress suggests that the 
 6.3  Results 
148 | P a g e  
 
steel did not undergo extensive dynamic recrystallization and/or a ferrite 
transformation during straining.    
 
6.3.2 Microstructure of ferrite grains 
 
The microstructures formed after all TMP schedules were fully ferritic, although, 
the strain level significantly altered the ferrite grain size. In the strain-free condition, 
the ferrite grains were largely equiaxed having an average size of 42±10 µm (Fig. 4.2a, 
b in Chapter 4). With an increase in the strain, the ferrite grain morphology was 
generally equiaxed, although the average grain size progressively reduced to ~ 22±7, 
10±3 and 6±2 µm for the strain levels of 0.3, 0.6, and 1, respectively (Figs. 6.3a-c). 
Interestingly, the strain led to an inhomogeneous distribution of grain size throughout 
the microstructure. In general, two sets of coarse (i.e., > 10 µm) and fine (i.e., < 10 µm) 
grains appeared in the microstructure, mostly beyond a strain of 0.6. The population of 
fine grains increased with the strain. This is consistent with the grain size distribution, 
which became narrower and the peak progressively moved towards a smaller grain size 
with increasing strain (Fig. 6.3).  
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Figure 6.3 EBSD maps and grain size distribution histograms of Ti-Mo steel subjected 
to different thermomechanical processing conditions. (a) strain 0.3, (b) strain 0.6, (c) 
strain 1. The triangle inset in “c” represents the colour codes referred to normal 
direction. 
 
6.3.3 Precipitation characteristics and orientation relationship 
 
Most ferrite grains contained precipitates after all deformation conditions, but 
their characteristics such as size, distribution and orientation relationship with the 
matrix varied within a given ferrite grain. In other words, more than one type of 
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precipitate can be observed in a given ferrite grain, which suggests multiple 
precipitation mechanisms occurred in this steel.  
Figure 6.4 (a – d) TEM bright-field images of interphase precipitation formed in the
Ti-Mo steel subjected to strains of: (a) 0, (b) 0.3, (c) 0.6 and (d) 1; and (e) diffraction
pattern showing single variant of B-N OR from the area in “c”. The arrows in “c”
represent 002  and 020  directions. 
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The dominant type of precipitates observed in the strain-free condition was the 
precipitates formed along parallel planes with a regular spacing between the planes 
(Fig. 6.4a-c). The average precipitate diameter and plane sheet spacing were 4.4 ± 1 nm 
and 20 ± 3 nm, respectively. The shape of precipitates was determined as disk-like 
based on the TEM characterisation of precipitates with different zone axis. An analysis 
of several diffraction patterns revealed that these precipitates had a NaCl-structure with 
a lattice parameter of a=4.36 Å. The orientation relationship (OR) between the ferrite 
matrix and the precipitates showed a single variant of the Baker-Nutting (B-N) OR 
with (001)Fe//(001)MC and [100]Fe//[110]MC (Fig. 6.4e). This is a key characteristic 
reported for interphase precipitation, when the fine precipitates are repeatedly formed 
on a migrating / interface during transformation from austenite to ferrite [19, 99]. 
The effect of strain on the precipitation characteristics was only studied for the 
planar interphase precipitates. The application of strain significantly altered the sheet 
spacing and interphase precipitate distribution. The planar sheet spacing of interphase 
precipitates significantly decreased from 20 ± 3 nm at the strain-free condition to 12 ± 
2 nm at a strain of 0.3, beyond which it became nearly unchanged up to a strain of 1 
(Fig. 6.5). However, the strain did not change the size of planar interphase precipitates 
(i.e., 4.4 ± 1 nm) or their OR with ferrite matrix (i.e., single variant B-N OR).  
 6.3  Results 
152 | P a g e  
 
In terms of precipitates distribution, hot deformation led to frequent abrupt 
changes in the alignment of planar interphase precipitates i.e. several sets of planar 
interphase precipitates oriented differently were observed within a single ferrite grain 
(Fig. 6.6). This effect became more pronounced with an increase in strain. For example, 
three sets of the interphase precipitate rows parallel to (011)Fe, (211)Fe and (111)Fe 
ferrite planes were present within a ferrite grain with a zone axis of  [110]Fe (indicated 
by the dashed lines in Figure 6.5a-b) after a strain of 1. Interestingly, the alignment 
change in planar precipitates closely coincided with the region where a new type of 
precipitates was observed in the microstructure (highlighted by arrows in Figs. 6.6a-
b).  
 
Figure 6.5 Sheet spacing of interphase precipitates as a function of strain level. 
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Figure 6.6 (a) TEM bright-field; (b) dark-field image; (c) corresponding diffraction 
pattern ([110] zone axis of ferrite) showing abrupt changes in planar arrangement of 
interphase precipitates after strain of 1; (d) schematic representation of an interaction 
between the interphase and strain-induced precipitation. Yellow double lines in “a” and 
“b” indicate the planes of interphase precipitates and corresponding ferrite planes, 
while arrows show the positions of strain-induced precipitates. 
 
A close analysis of this specific precipitate arrangement revealed that each set of 
interphase precipitate has a distinct variant of the B-N OR with the ferrite matrix (Fig. 
6.6).  A detailed diffraction pattern and dark field image analysis was performed on 
this new type of precipitates formed in the deformed samples. The diffraction pattern 
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taken from two sets of planar interphase precipitates and the new type of precipitates 
(Figs. 6.7a, b) confirmed the presence of three sets of diffracted spots, labelled as spots 
I, II and III (Fig. 6.7b), which corresponds to the {111}MC crystallographic planes. The 
dark field image resulted from diffraction 
Figure 6.7 TEM characterisation of strain-induced and interphase precipitation in steel
after strain of 1: (a) bright-field image, dashed lines indicate planes of interphase
precipitates and corresponding ferrite planes; (b) corresponding diffraction pattern 
([111] zone axis for ferrite), arrows indicate three (111)MC reflections (I, II, III). (c) 
dark-field image from reflection (I); (d) dark-field image reflection (II). Arrows in (c)
and (d) indicate the position of precipitates. 
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spot “I” revealed relatively coarse precipitates (i.e. 10 nm) arranged on irregular curved 
lines with the distance between the lines of ~ 0.5 µm. These coarse precipitates were 




Figure 6.8 TEM observations of strain-induced precipitates after strain of 0.6: (a) dark-
field image, arrows indicate distance between dislocation walls of decorated by strain-
induced precipitates; (b) corresponding diffraction pattern ([110] zone axis for ferrite, 
[111] zone axis for carbide); (c) dark-field image of the region “I” in “a”. 
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The OR between the coarse precipitates and matrix were either the Nishiyama-
Wasserman (N-W) OR (i.e., (110)Fe//(111)MC [110]Fe//[112]MC) (Fig. 6.8b) or 
irrational, which is different from the OR observed for planar/random interphase and 
random precipitates. This suggests that these precipitates have been formed in the 
parent austenite, prior to the austenite-to-ferrite phase transformation. Dark field 
images obtained from the diffraction spot “II” referred to the interphase precipitates 
formed parallel to {110}Fe (Figs. 6.7b, d). Unfortunately, diffraction spot “III” was too 
weak to reconstruct a proper dark-field image from it. However, diffraction spot “III” 
is possibly corresponding to the second set of interphase precipitates observed in the 
bright field image along {112}Fe (Fig. 6.7a). Interestingly, the border between the two 
sets of interphase precipitates parallel to (110)Fe and (112)Fe matched with the position 
of relatively coarse precipitates arranged as curved lines (highlighted by arrows on Fig. 
6.7c, d).  
 
6.3.4 Precipitate composition and size distribution 
 
Atom probe tomography analysis was conducted on 3-4 datasets with volumes 
ranging from 5 to 30 million atoms for each deformation condition. All data sets clearly 
revealed the presence of Ti-Mo-C precipitates after all deformation conditions (Fig. 
6.9).  
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Figure 6.9 Three-dimensional ion maps of Ti, Mo and C: (a) strain 0; (b) strain 1. 
 
These three-dimensional data sets enabled measurement of the size, shape, 
number density and composition of the precipitates for each condition. Atom maps of 
samples after strain 0 and strain 1 conditions are presented in Fig. 6.9.  
The average Guinier radius of the precipitates was 1.5±0.5 nm for all deformation 
conditions. However, significant deviation in average precipitate size (2.5±1 nm) was 
observed for the strain of 0.6 condition because of presence of random or strain-induced 
precipitation in two strain of 0.6 datasets (Fig. 6.10). Other precipitate distributions 
were typical interphase precipitate distributions with a frequency peak in the GP cluster 
range (Fig. 6.10). The average numbers density of precipitates calculated using APT 
data did not show any particular trends for the different deformation conditions (70 x 
1022m-3) but was significantly lower in strain 0.6 condition (20 x 1022m-3). All 
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precipitates had Ti0.42Mo0.27C0.31 average composition within standard deviation from 
cluster analysis, although all precipitates showed an MC structure in TEM.  
 
6.3.5 Mechanical properties 
 
The hardness and microhardness values as a function of strain in the non-
recrystallized austenite region are presented in Fig. 6.11. The average hardness slightly 
decreased from 255 to 247 HV. The microhardness value increased up to 284 HV at 
strain 0.6 and decreased to 265 HV at strain 1.  The large standard deviations of 
microhardness measurements suggest a high inhomogeneity of precipitation from grain 
to grain. The highest values of both hardness and microhardness demonstrated sample 
Figure 6.10 Guinier radius distributions of precipitates in samples with different strain
level. I - size region of embryo cluster, II - size region of GP cluster, III – size region 
of nano-precipitate. 
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were at a strain of 0.6. In contrast, the lowest values were obtained in the sample after 
a strain of 1. 
 
Figure 6.11 Vickers hardness and microhardness as a function of strain. 
 
6.4  Discussion 
 
6.4.1 Effect of strain on the ferrite grain characteristics 
 
The current result clearly shows that the deformation at 890 ºC significantly 
alters the ferrite microstructure characteristics (i.e. ferrite grain size and distribution). 
Here, the deformation temperature is well below the non-recrystallization temperature 
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of the current steel (i.e., 930 ºC), suggesting that recrystallisation is remarkably 
retarded through pinning and/or solute drag effects [91]. 
An increase in strain in the non-recrystallised austenite region led to a progressive 
decrease in the average ferrite grain size with strain from 42±10 µm at a strain-free 
condition to 6±2 µm at a strain of 1 (Fig. 6.3) mainly due to the increased number of 
nucleation sites for ferrite. The application of deformation at 890 ºC also leads to the 
formation of two grain populations in terms of size, namely: (i) coarse grains with a 
size of greater than 10 µm, and (ii) closely arrays of fine grains in the range of 1 to 
10 µm (Fig. 6.3). The grain size homogeneity increases with an increase in strain and 
becomes more pronounced beyond a strain of 0.6. This could be a result of non-uniform 
distribution of strain within a given parent austenite grain. The austenite grain structure 
can be considered as a composite microstructure consisted of grain boundary and grain 
interior regions. The strain largely concentrates in the vicinity of the prior austenite 
grain boundaries compared with the grain interior [92]. In addition, multiple slip 
systems operate adjacent to the prior austenite grain boundaries to maintain the 
compatibility between two adjacent austenite grains with distinct orientation. Hence, 
the fine ferrite grain arrays are most likely formed in the grain boundary region, where 
there is high ferrite nucleation site density. This results in the full impingement of 
ferrite grains at an early stage of transformation, limiting the growth of fine grains at 
the vicinity of prior austenite grain boundaries [91]. By contrast, there are fewer ferrite 
nucleation sites in the prior austenite interior, resulting in relatively coarse ferrite grains 
compared to ferrite grains formed at the prior austenite grain boundary. The 
inhomogeneity of intragranular defects is enhanced in a given austenite with an 
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increase in the strain, promoting the non-uniform distribution of ferrite grain size (Fig. 
6.3). 
 
6.4.2 The precipitation mechanisms in the deformed conditions  
 
The current study reveals that the application of strain significantly decreased the 
planar sheet spacing of interphase precipitates up to a strain of 0.3, above which it 
remained almost constant up to a strain of 1 (i.e., changing from 20 ± 3 nm at the strain-
free condition to 12 ± 2 nm at 0.3 and above) whereas the size and composition of 
interphase precipitates (i.e., Ti0.42Mo0.27C0.31) are similar for all deformation conditions. 
This could be related to the change in the driving force of the austenite-to-ferrite 
transformation with the strain. Interphase precipitates nucleate on an advancing 
austenite/ferrite interface, as mentioned above, lead to carbon consumption and 
destabilization of the austenite ahead of the moving front [99]. Therefore, the 
nucleation and growth of the interphase precipitates is controlled by the concentration 
of solute atoms and their diffusion rate at the austenite/ferrite interface [22]. The 
introduction of dislocations in the parent austenite through deformation at 890 ºC 
promotes stored energy, leading to the high diffusion rate of solute atoms [56, 91]. This 
consequently enhances the concentration of solute atoms in front of the moving 
austenite/ferrite interface, increasing the driving force for interphase precipitate 
nucleation [26]. This explanation supports a decrease in the distance between the rows 
up to strain of 0.3 but does not explain why beyond a given strain (i.e., 0.3) the planar 
sheet spacing remained nearly constant (Fig. 6.5). The strain can also significantly 
accelerate movement of the austenite/ferrite interface [137]. Therefore, it would be 
 6.4  Discussion 
162 | P a g e  
 
expected that there would be less time for the interphase precipitation to take place 
(i.e., ferrite supersaturation), promoting more random precipitates with increasing 
strain, as suggested by [28]. However, no significant change was observed in the 
fraction of random precipitates through the application of deformation, suggesting that 
the formation of random precipitates cannot be solely related to the austenite/ferrite 
interface mobility. The reduction in the sheet spacing with the strain is consistent with 
the previous works reported for Ti-Mo microalloyed steels by others, though they only 
looked at one strain condition [23, 78, 79].  
The current observation can be related to the substructure characteristics changes 
with the strain and/or the formation of strain-induced precipitation on microbands. As 
aforementioned, the deformation leads to the formation of dislocation substructure 
(e.g., microbands) within austenite grains, though their characteristics depend on the 
amount of deformation. It is well demonstrated that with an increase in the strain, the 
mean microband spacing gradually decreases and the average misorientation angle 
across microband walls, in parallel, increases towards saturation beyond a strain of ~ 
0.4 [176]. The latter, somewhat, represents the dislocation density on the microband 
walls, meaning that the microband wall dislocation density change became negligible 
beyond a strain of ~ 0.4. In the current study, the true stress also becomes nearly 
unchanged above a strain of ~ 0.4 (Fig. 6.2), most likely due to the dynamic recovery 
(although a small amount of dynamic recrystallization may also have occurred). As the 
overall dislocation density is proportional to the stress level, it can be concluded that 
the change in the mean dislocation density within austenite is minor beyond a strain of 
~ 0.4.  This suggests that the kinetics of ferrite phase transformation is largely 
accelerated up to a strain of ~ 0.4 above which the change in the austenite-ferrite 
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interface mobility is expected to be insignificant. This partly supports the change in the 
characteristics of interphase precipitates with the strain, which are greatest up to a strain 
of ~ 0.3.            
The formation of strain-induced precipitation on microbands can also affect the 
characteristics of interphase precipitation because it reduces the solute atoms available 
for further precipitation. As a result, the austenite/ferrite interface needs to migrate 
further to accumulate enough solute atoms in the transformation front and consequently 
initiate the interphase precipitate formation. In fact, the strain appears to have two self-
contradictory effects.  On one hand, the application of strain in the parent austenite 
accelerates the interphase precipitation (i.e., reducing the planar sheet spacing) due to 
an enhanced diffusion rate. On the other hand, the deformation, to some extent, retards 
the interphase precipitation as a result of the strain-induced precipitation, which locally 
consume the alloying elements in the parent austenite. At a low strain level of up to 
0.3, there is a limited strain-induced precipitates, which leads to a significant reduction 
in the planar sheet spacing. However, the strain-induced precipitates become, to some 
extent, dominant at higher strains and the planar sheet spacing becomes nearly 
unchanged beyond a given strain.  
Another interesting effect of austenite deformation on precipitation is the sharp 
change in the alignment of planar interphase precipitates within a ferrite grain, leading 
to the alteration of the ferrite plane orientation parallel to the precipitates row (Figs. 
6.6 and 6.7). The change in the planar interphase alignment tended to correspond to the 
area in which the relatively coarse (~10 nm) precipitates with spherical morphology 
are observed in the microstructure (Figs. 6.6 and 6.7). These precipitates are formed 
along irregular/curve lines, separated by distance of ~ 0.5-1 µm. They have NaCl-
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structure and maintain either the N-W OR with the ferrite matrix (i.e., (110)Fe//(111)MC 
[110]Fe//[112]MC) (Fig. 6.8) or irrational OR. In other words, they have a different OR 
than that observed for planar/random interphase and random precipitates. It appears 
that the fraction of this type of precipitates increases with the strain. The distinct 
characteristics of these precipitates suggest that they are most likely formed prior to the 
austenite-to-ferrite transformation in the deformed parent austenite, and such 
precipitates are generally termed strain-induced precipitates.  
During straining of austenite at 890 ºC, the slip is mostly focused on a limited 
number of active slip systems within a given grain orientation [92]. This ultimately 
results in the formation of particular families of planar extended dislocation walls, 
which largely line up with the most active slip planes [55]. As reported earlier [92, 93], 
the organized banded structure, known as microbands, is characterised by systematic 
alternating orientations across the band with a misorientation angle ranging from 0.2 
to ~5° depending on the strain. The dislocation walls/microbands are known as one of 
the most favourable sites for the formation strain-induced precipitation, which take 
place during and/or after straining. An increase in the deformation progressively 
reduces the mean spacing between dislocation walls and also enhances the 
misorientation across the dislocation walls [55, 176], which consequently leads to the 
acceleration of strain-induced precipitation.  
As the alignment change in the planar interphase precipitates matches with the 
position of strain-induced precipitate arrays (Figs. 6.6 and 6.7), it appears that the 
presence of local orientation change across the microband walls alters the direction of 
austenite/ferrite moving interface resulting in the abrupt deviation of ferrite plane 
orientation parallel to the precipitates row. This consequently results in the formation 
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of multiple sets of planar interphase precipitates parallel to distinct ferrite plane 
orientations within a given ferrite grain. Interestingly, each set of planar interphase 
precipitates in a given ferrite grain has a distinct variant of the B-N OR (Fig. 6.7).  
The change in the planar interphase precipitates alignment was also observed in 
both the deformed and undeformed conditions by others [11, 177]. However, the 
presence of this unique configuration was discussed through different mechanisms. It 
was initially referred as the quasi-ledge mechanism [21] where ledges apart from planar 
interfaces travel along curved interfaces, consequently forming curved sheets of 
interphase precipitates. On the other hand, Furuhara [111] argued that macroscopically 
curved interfaces are composed of several sets of aligned coherent planar interfaces. 
Therefore, the precipitates formed at neighbouring coherent interfaces preserve distinct 
variants of the B-N relationship. The latter mechanism can, to some extent, explain the 
current observation, where multiple sets of planar interphase precipitates with distinct 
variants of the B-N OR are observed (Fig. 6.7). However, the presence of strain-
induced precipitates at the border of two distinct set of planar interphase precipitates 
suggests that the formation of microbands (i.e., local misorientation) in austenite 
mostly contributes in the formation of the unique planar interphase precipitation 
arrangement in the current study. 
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The current observation suggests a novel mechanism in the interphase 
precipitation arrangement taking place as a result of hot deformation. In the strain-free 
condition, the precipitation largely occurs on the advancing austenite-ferrite interface, 
forming parallel rows of fine precipitates in the ferrite matrix (Figs. 6.12a, b). The 
application of deformation below Tnr temperature leads to the fragmentation of the 
austenite grains by the formation of elongated dislocation walls (microbands), which 
deviate the orientation of the austenite grains locally. On cooling, precipitation initially 
takes place on microband dislocation walls in the high temperature austenite regime 
(i.e., before the initiation of austenite-to-ferrite transformation, Fig. 6.12c). The 
Figure 6.12 Schematic representation of interphase precipitation in strain-free 
austenite (a, b) and deformed austenite (c, d) during isothermal austenite-to-ferrite 
transformation. MB represents microband (dislocation) wall. Violet dots in “c” and “d”
are strain-induced precipitates, red dots in “b” and “d” are interphase precipitates 
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interphase precipitation occurs at the advancing austenite-ferrite interface similar to the 
strain-free condition, though the alignment of planar rows abruptly changes at either 
side of the microbands (Figs. 6.6 and 6.12d). This suggests that the local orientation 
change within a given austenite alters the interphase precipitate row alignment. In 
addition, deformation enhances the rate of alloy depletion at the transformation 
interface front and the ferrite phase transformation kinetics. This leads to the reduction 
in planar spacing of interphase precipitates up to a given strain, beyond which it 
becomes nearly constant (Fig. 6.5). This is due to the dislocation density saturation 
above a certain strain and/or the consumption of alloying elements through the strain-
induced precipitation formed on the microbands.  
 
6.4.3 Mechanical properties 
 
The microhardness values (Fig. 6.11) have shown high inhomogeneity 
throughout the microstructure. This most likely related to different types of 
precipitation (planar interphase, random interphase, random), which coexisted within 
the ferrite grains. The ferrite grain refinement has not led to the expected hardness 
increase. In contrast, the average hardness decreased with the strain applied in the 
austenite region. This could be related to softening of ferrite grains, i.e. the fraction of 
the interphase precipitation decreased.  
  
  
 6.5  Conclusions 
168 | P a g e  
 
6.5  Conclusions 
 
1) Deformation of austenite in non-recrystallised regime led to significant ferrite 
grain size reduction from 42±10 to 6±2 μm, where grains were subdivided to small 
(less than 10 μm) formed in the prior austenite grain area and large (more than 10 μm) 
formed in the prior austenite grain interior. 
2) Deformation in the non-recrystallisation region reduced the spacing between 
the planar interphase precipitation planes from 20±3 to 12±2 nm up to a strain of ~ 0.3, 
above which it nearly remained constant.  
3) In the hot-deformed steels, spherical strain-induced precipitates with size of 10 
nm were observed, which were formed during deformation and/or cooling on 
dislocation walls (microbands) with spacing of 0,5 to 1 μm. 
4) The planar row alignment of planar interphase precipitates abruptly changed 
when it encountered the microband walls due to the local orientation change at either 
side of a given microband.  
5) Strain level did not affect the average composition of precipitates and it was 












The current thesis examined the interphase precipitation phenomenon in a new 
class of high-strength Ti-Mo microalloyed steel with the following objectives:  
1) To classify and statistically characterise the precipitation and to understand the 
role of clusters in the nucleation and growth of interphase precipitates using 
transmission electron microscopy (TEM), high-resolution scanning TEM (HRSTEM), 
atom probe tomography (APT) and in-situ lift-out (INLO) sample preparation,  
2) To study mechanisms of interphase precipitation and correlate them to 
corresponding interfacial parameters and the orientation relationship (OR) between the 
austenite and ferrite grains, where the precipitates are formed. 
3)  To understand the effect of deformation in the non-recrystallised region on 
transformation and precipitation kinetics. 
The extensive literature review (Chapter 2) critically examined the previous 
research in this field and identified research gaps in the current knowledge. During the 
literature review, it became clear that there were areas of debate among different 
groups.  Mainly two types of precipitates have been observed in high-strength low-
alloyed (HSLA) steels: planar interphase precipitation [19] and random precipitation 
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[21]. However, it has not been completely understood, whether the interphase 
precipitation is a representative feature in HSLA steels [20]. Moreover, there has been 
debate concerning the microstructural differences between these types of precipitates 
and the mechanism of their formation [19, 23, 28].  
It has also been previously observed by APT that fine (less than 3 nm diameter) 
solute atom groupings are present in the Ti-Mo HSLA steels [15-17]. However, their 
role in a precipitation sequence as well as their crystallography has still been unclear.  
Also, the role of the OR between prior austenite and ferrite grains is unclear [19, 
25] as is the effect of solute redistribution across the interface during the austenite-to-
ferrite transformation on the interphase precipitation [26].  
The role of transformation mechanisms such as ledge mechanism [19], bowing 
mechanism [21], quasi-ledge [21] on the interphase precipitation process remains 
unclear. In addition, the effect of strain in the austenite prior to transformation on the 
transformation and precipitation kinetics in the Ti-Mo steel, where the substitutional 
elements participate in the transformation and precipitation kinetics at the same time is 
ambiguous [23, 28, 79, 177].   
In order to clarify the research questions identified above, a laboratory made, Ti-
Mo HSLA steel with a fully ferritic microstructure formed at 650°C after strains in the 
austenite of 0, 0.3, 0.6, 1; and with dual phase (ferrite and martensite) microstructure 
after interrupted experiment at 650°C were studied in the experimental program. To 
reach the objectives and unlock the gaps in the current knowledge, cross-correlative 
advanced microscopy techniques such as EBSD, scanning electron microscopy (SEM), 
TEM, HRTEM and APT were utilized. The site-specific INLO sample preparation 
technique approach was also used in the current work. 
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7.2.1 Understanding of precipitation type and precipitation kinetics in the Ti-
Mo HSLA steel 
 
In order to address this research question the crystallographic approach i.e. study 
of the OR between the matrix and precipitates was used (Chapter 4). Three types of 
precipitate were observed in the Ti-Mo ferritic HSLA steel after the austenite-to-ferrite 
phase transformation and further isothermal holding at 650 °C: (i) planar interphase 
precipitation, (ii) random interphase precipitation and (iii) random precipitation. The 
interphase precipitates (both random and planar) had a single variant of the B-N OR 
with the ferrite matrix and therefore, occurred during the austenite-to-ferrite phase 
transformation. Planar interphase precipitates were distributed along sheets with a fixed 
distance, while random interphase precipitates had a random order but still maintained 
the single variant OR variant. Another population of random precipitates also had a 
random distribution but formed in all three possible variants of the B-N OR. Therefore, 
it was concluded that these random precipitates nucleated and grew after the austenite-
to-ferrite phase transformation, during further isothermal holding at 650 °C. 
The nucleation and growth mechanism of precipitates was studied by HRTEM 
and APT on ferrite grains with a [001] zone axis (Chapter 4). It appeared that random 
precipitate formation takes place through three stages, namely: embryo cluster, GP 
cluster and nano-precipitate. The embryo and GP clusters were disc-shaped and fully 
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coherent with the ferrite matrix, while the nano-precipitates were disc-shaped with 
larger diameter than the cluster (up to 10 nm) and were semi-coherent with the ferrite 
matrix. The size and composition of the GP clusters were similar to the interphase 
precipitates (both random and planar).   
 
7.2.2 The effect of crystallographic orientation and interface characteristics on 
transformation and precipitation kinetics. Mechanism of interphase precipitation  
 
The interrupted isothermal transformation approach was used to address this 
research question. The austenite-to-ferrite transformation was interrupted at an early 
stage to form a dual phase ferrite/martensite microstructure. The orientations of the 
martensite packets and freshly formed ferrite were studied by EBSD. Based on the 
martensite packet orientation, the orientation of the prior austenite grain was calculated.  
Site-specific samples for APT characterization from ferrite grain interior and across the 
martensite/ferrite interfaces were prepared. The APT data on the interphase 
precipitation and redistribution of solutes across the interfaces was correlated with 
crystallography data on the OR of austenite and ferrite grains obtained from the EBSD 
(Chapter 5). 
Interphase precipitation (both random and planar) was observed in ferrite grains 
having both the K-S and non K-S OR with the prior austenite grains. The number 
density, precipitate size and composition of precipitates were very irregular even within 
the same ferrite grain. Both interfaces between ferrite and austenite grains with K-S 
and non K-S OR were divided into two groups depending on segregation parameters: 
NPLE and PE. The NPLE interfaces were heavily segregated by substitutional solutes 
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(Mn, Ti and Mo), whereas, segregation of substitutional solutes at the PE interfaces 
was negligible. It was found that random interphase precipitation occurred at interfaces, 
which transformed under the NPLE conditions via the ledge mechanism. In contrast, 
the PE conditions suppressed interphase precipitation and promoted low number 
density random interphase precipitation. It appeared that the bowing mechanism of 
precipitate formation is stimulated by the PE condition operating in this case. Matrix 
composition analysis showed that significant amounts of C and Mo are left in the ferrite 
matrix after the interphase precipitation, whereas almost all Ti was consumed by the 
precipitates.  
 
7.2.3 The effect of accumulated strain in the non-recrystallized austenite region 
on the interphase precipitation 
 
In order to address this research question, the samples were deformed in the non-
recrystallized austenite regime at 890 °C with strains of 0, 0.3, 0.6 and 1 prior to the 
austenite-to-ferrite phase transformation at 650 °C. The combined TEM and APT study 
was used to examine the microstructures (Chapter 6).  
The deformation of austenite in the non-recrystallised regime led to significant 
ferrite grain size reduction due to a fragmentation of prior austenite grains by 
dislocation walls (microbands) during the deformation, providing additional nucleation 
sites for the ferrite. The prior austenite microbands appeared to be decorated by strain-
induced precipitates, formed during the deformation and/or cooling. The planar row 
alignment of the planar interphase precipitates abruptly changed when it encountered 
the microband walls due to the local orientation change at either side of a given 
 0   
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microband. Planar interphase precipitates, which formed at different conjugate ferrite 
habit planes had two variants of the B-N OR. 
Meanwhile, deformation in the non-recrystallisation region reduced the spacing 
between the planar interphase precipitate rows up to a strain of ~ 0.3, above which it 
nearly remained constant. This could be due to the saturation of dislocation density 
within austenite above the strain of 0.3 and/or the consumption of alloying elements by 
strain-induced precipitates in austenite. Strain level did not affect the average 
composition of precipitates and it was close to Ti0.42Mo0.27C0.31 for all TMP conditions. 
 
7.3 Suggestions for future work 
 
It is believed that the current research provides a strong foundation for future 
study of the interphase precipitation phenomenon in HSLA steels. The following 
unresolved issues are suggested for future work: 
1) As follows from the thesis, the interphase precipitation, which provides highest 
number density of precipitates, takes place at the ferrite/austenite interfaces with NPLE 
conditions. However, the reasons that lead to these two NPLE and PE interface modes 
is still unclear. This could be due to local interface coherency and corresponding energy 
of the interface. Therefore, it is suggested to calculate the energies of the interfaces by 
extended back-calculation procedures. Also, it is necessary to calculate the limits of 
segregated solutes at the interface for a given interface energy (i.e. thermodynamical 
NPLE and PE limits).  
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2) As shown in Chapter 5, Mn has strong segregation ability to interfaces, which 
can potentially reduce the interface mobility to promote interphase precipitation. 
Hence, it is recommended to investigate the effect of Mn and other austenite stabilizers, 
such as Mo and Cr on the interface mobility.  
3) The APT composition analysis has shown that almost all Ti was consumed by 
the interphase precipitates, whereas significant amounts of Mo remained in the ferrite 
matrix. Therefore, it is suggested to optimize and test the alloy composition with an 
increased amount of Ti and decreased level of Mo compared to the composition of the 
studied steel.  
4) The effect of deformation on the planar interphase precipitation showed that the 
arrangement of planar interphase precipitates changed as a result of formation of 
strained induced precipitates. However, it is unclear how this affects the mechanical 
properties of the steel. Therefore, it is suggested to perform tensile tests on the steel 
samples after different amounts of strain, accumulated in the non-recrystallized 
austenite region.  
5) The formation of clusters was observed by HRSTEM. However, it is still not 
clear if the clusters can provide similar strengthening effect as nano-preсipitates and 
what the mechanism of this strengthening. 
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